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Περίληψη 
 

Ο στόχος της παρούσας διατριβής είναι να ρίξει φως στη μή-γραμμική ρεολογική 
συμπεριφορά σύνθετων πολυμερικών δομών με τη χρήση προχωρημένων τεχνικών τελευταίας 
τεχνολογίας και με ιδιαίτερη εστίαση στην ρεολογία διάτμησης. Ισχυρά μή-γραμμικά 
φαινόμενα ροής είναι πανταχού παρόντα στις διαδικασίες κατεργασίας  πολυμερών, 
επομένως η κατανόησή τους είναι θεμελιώδους σημασίας για τεχνολογικές εφαρμογές. Από 
την άλλη πλευρά, η πρόοδος στην μή-γραμμική ρεολογία εξαρτάται από την επίλυση σοβαρών 
πειραματικών προβλημάτων που σχετίζονται με αστάθειες ροής. Η ανάπτυξη πειραματικών 
εργαλείων για την επίλυση αυτών των ζητημάτων είναι μια εξαιρετικά χρονοβόρα και επίπονη 
πρόκληση. Ξεπερνώντας αστάθειες ροής στην μή-γραμμική πειραματική ρεολογία θα 
οδηγήσει τον τομέα σε νέες κατευθύνσεις όπως η ακριβής και ποσοτική μοντελοποίηση, η 
αποκωδικοποίηση των μηχανισμών κίνησης μακρομορίων, και ο σχεδιασμός μακρομοριακών 
συστημάτων με επιθυμητές ιδιότητες που θα δύνανται να καθοριστούν. Ιδιαίτερα, σε σχέση με 
τους μοριακούς μηχανισμούς, η γνώση της μή-γραμμικής ροής είναι μάλλον περιορισμένη, 
ειδικά στη διάτμηση. Σε αυτό το πλαίσιο, το έργο αυτής της διατριβής επιχειρεί να απαντήσει 
σε δύο καίρια ερωτήματα: i) πώς θα αποκτήσουμε αξιόπιστες μετρήσεις σε παροδική (χρονικά 
μεταβαλλόμενη)  διάτμηση; ii) ποιός είναι ο ρόλος των εμπλοκών, των διακλαδώσεων και των 
ελκτικών αλληλεπιδράσεων (συνενώσεων) στον καθορισμό της μή-γραμμικής ρεολογίας 
σύνθετων πολυμερικών συστημάτων; Είναι σαφές ότι η απάντηση στο πρώτο ερώτημα είναι 
αναγκαία για να αντιμετωπιστεί το δεύτερο. Ως εκ τούτου, στο πρώτο μέρος της διατριβής 
παρουσιάζουμε το σχεδιασμό και την υλοποίηση μιας γεωμετρίας κώνου-διαιρεμένης πλάκας 
(CPP) που θα μπορεί να προσαρμοστεί στο ρεόμετρο ARES και επιτρέπει ακριβείς μετρήσεις 
στη μή-γραμμική περιοχή της διάτμησης. Στο δεύτερο μέρος, εφαρμόζουμε τη τεχνική CPP και 
την ομοαξονική ρεομετρία εφελκυσμού για να διερευνηθεί η απόκριση πρότυπων 
συστημάτων, που περιλαμβάνουν γραμμικά κυκλικά, δενδριτικά και δενδρoποιημένα 
υπερδιακλαδωμένα πολυμερή, προκειμένου να απαντηθούν τα προαναφερθέντα ερωτήματα. 
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Abstract

The aim of the present thesis is to shed light into the nonlinear rheological behavior of

complex polymeric structures by means of state-of-the-art instrumentation, particularly

focusing on shear rheology. Strong nonlinear �ows are ubiquitous in polymer process-

ing, therefore their understanding is fundamental for technological applications. On the

other hand, the progress in nonlinear rheology has been halted by experimental issues

associated with �ow instabilities, rendering rheometric experiments problematic. The

development of experimental tools to resolve these issues is a timely, outstanding chal-

lenge. Overcoming �ow instabilities in nonlinear experimental rheology will advance

the �eld in di�erent directions such as accurate modeling development, decoding molec-

ular mechanisms of motion, designing macromolecular systems with desired, tunable

properties. Particularly, in relation to molecular mechanisms, knowledge of polymer

dynamics in nonlinear �ows is rather limited, especially in shear. In such a context,

this thesis work attempts to answer two key questions: i) How can we obtain reliable

measurements in transient shear? ii) What is the interplay of entanglements, branch-

ing and associations in determining the nonlinear rheology of complex systems? It is

clear that answering the �rst question is necessary in order to address the second one.

Therefore, in the �rst part of this thesis we present the design and implementation of a

cone-partitioned-plate (CPP) geometry for ARES rheometer that allows for accurate,

artifact-free measurements in nonlinear transient shear. In the second part, we apply

CPP and uniaxial extensional rheometry to investigate model systems including linear,

ring, Cayley-tree and dendronized polymers, in order to address the above-mentioned

questions.
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Chapter 1

INTRODUCTION

1.1 Rheology of polymers: an overview

The large-scale production of polymer materials in modern society has led many scien-

tists to de�ne our times as the Polymer Age [1]. Polymers are ubiquitous in nature and

society. They have always been part of human life, and Man learnt to exploit polymer

properties well before their study developed as a modern science. The use of polymer

materials is documented in the history of di�erent civilizations all over the world. For

example, it is reported in the Bible that Noah used pitch, the heaviest part of crude

oil, to make the Ark waterproof; ancient Incas used to play ritual games with heavy

rubber balls; Chinese were among the �rst to condition the environment of silkworms

to enhance the production of natural protein �bers for clothing and old natives of South

America observed that natural rubber, the so-called caoutchouc, becomes harder if left

in air for some time, an analogous process to modern vulcanization where oxygen has

been replaced by sulfur [2, 3]. In all aforementioned examples, as well as in many

others from ancient history, the polymeric nature of such materials was unknown and

their use limited. The production of polymers developed to large scale only in the

last 150 years, due to the industrial progress and advent of oil industry. After the

Second World War, polymeric materials gradually replaced steel in most applications.

Oil extraction provided raw materials for polymerization processes in quantities never
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INTRODUCTION

available before. Concomitantly, scienti�c progress in synthetic chemistry promoted

new routes for e�cient large-scale production of polymeric materials [4]. In this con-

text, the study of mechanical properties of soft matter became fundamental and paved

the way for the development of rheology as the most relevant science for technological

progress. As mechanical properties of polymer systems were discovered, the advantages

from their use compared to other materials became apparent: their elastic properties

and strength can be comparable to metals but they are much lighter and they can be

easily processed and shaped. Nowadays, the world consumption of conventional poly-

mer materials exceeds 150 billions of tons and it is destined to increase to more than

350 billions in the next twenty years [5]. Certainly, such a massive usage posed many

relevant questions regarding environmental sustainability of polymeric materials. It is

well-known that conventional polymers are not biodegradable and polymer thermosets

such as cross-linked rubbers, cannot be re-used. This issue pushed researchers to �nd

new ways to enhance mechanical properties of polymers and simultaneously develop

more eco-friendly materials. A recent step forward in this direction is o�ered by the

so-called supramolecular polymers, where the reversibility of bonds provides the basis

for recyclable materials [6, 7].

The increasing demand of polymer-based products in developed countries encouraged

fast processing in polymer industry. In modern plants, polymer melts and solutions

are pumped and extruded at extremely high deformation rates, with polymer chains

being deformed beyond their equilibrium conformations. When this happens, the �ow

is referred to as nonlinear. At low deformation rates (i.e., in linear �ows), mechanical

properties of materials depend only on temperature. Conversely, nonlinear �ows are

characterized by the fact that the rheological properties of materials depend on the

deformation rate, apart from temperature. In most cases, fast processing brings also

advantages in terms of energy required for industrial unit operations, thanks to the

fact that the viscosity decreases upon shear rate increase in nonlinear �ows, a feature
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1.1 Rheology of polymers: an overview

known as rate thinning. Thereby, in spite of the fact that the �rst approach to study

mechanical and �ow properties of a soft material is linear rheology, knowledge of non-

linear properties of polymeric materials appear highly desirable for a reliable design

of processing units. In addition, fast �ows in advanced polymer processing are rather

complex combinations of both extensional and shear �ows. A good example thereof

is blow molding, where a polymer melt is extruded into a mold and pushed against

the cavity walls by air blown from the inside. Once the nonlinear behavior of a poly-

meric system is known in simple �ows such as shear or uniaxial extension, constitutive

equations can be derived [8, 9]. Then, computational rheology software (i.e., ANSYS

Fluent, COMSOL Multiphysics) can simulate the �ow behavior in complex geome-

tries based on information from the aforementioned simple �ows. Regarding uniaxial

extension, carrying out experiments in a controlled fashion is possible and bench-top

stretching rheometers are currently available (i.e., VADER 1000, Rheo Filament ApS

USA). On the other hand, despite the relative simplicity in implementing steady shear

�ow in modern rotational rheometers, nonlinear measurements are more challenging

due to �ow instabilities under shear. These include shear banding, wall-slip, die swell,

Weissenberg e�ect, edge fracture and viscous heating [10]. Such �ow instabilities are

related to shear stresses and the peculiarity of polymer systems (especially melts) to

develop substantial stresses. Among shear instabilities, edge fracture is a serious issue

in steady shear rotational measurements. As it develops at the rim of the sample,

shear fracture eventually penetrates into the measurement volume. The formed voids

immediately a�ect torque and normal force measurements. A way to overcome this

issue consists in restricting the measurement volume to the inner part of the sample

through the use of a cone-partitioned-plate geometry (CPP). Such measuring system

provides reliable data for assessing �ow properties of polymers in nonlinear conditions,

therefore it represents a very useful tool for understanding rheological properties of

polymers at lab-scale. The functioning and advantages of CPP geometry will be ex-
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tensively discussed in the third chapter of this thesis. Indeed, we have advanced the

implementation of CPP on commercial, rotational strain-controlled ARES rheometer

(TA, USA). When carried out in a reliable way, nonlinear shear rheology has proven to

be a valuable tool to investigate the �ow properties of conventional polymer systems as

well as the emerging class of supramolecular polymers. As mentioned before, associat-

ing polymers are a class of responsive soft materials with versatile properties that can

be tailored molecularly via molar mass, molecular structure and bonding interactions.

Nowadays they are used in numerous applications because reversibility of supramolec-

ular bonds makes them good candidates for recyclable materials. One can also obtain

an enhancement of mechanical properties of classic polymers, thanks to the additional

contribution of supramolecular interactions to entropic elasticity of molecules provided

by topological constraints (entanglements); moreover, supramolecular interactions can

be dissociated upon temperature increase, hence promoting the recovery of �ow prop-

erties.

The scope of this thesis is to develop reliable protocols for nonlinear shear rheology in

order to address some open questions regarding nonlinear dynamics of complex sys-

tems, whose understanding has been sofar hindered by experimental issues associated

with �ow instabilities. Such questions include: which are the molecular parameters

controlling nonlinear �ow or how does nonlinear extensional rheology of polymer melts

and solutions with the same number of entanglements compare to their nonlinear shear

properties? Concerning the role of molecular structure (architecture), which are the

key experimental features of nonlinear shear rheology of ring polymers? And how

does the relaxation of branched systems from steady state in extensional �ow compare

to their counterpart in shear? Finally, how do we understand the dynamics of com-

plex hyperbranched macromolecules such as dendronized polymers, where topological

constraints are coupled with supramolecular interactions? In order to address this

challenge, we start from the simple picture of linear entangled polymers with a brief
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1.2 The molecular origin of elasticity in polymers

digression on ring polymers where the classic relaxation mechanism due to free ends

is absent. Then, the role of branching is examined by decoding the nonlinear response

of symmetric Caley-tree polymers. Finally, a complex combination of topological con-

straints, molecular thickness and supramolecular interactions is investigated through

the unique molecular architecture of dendronized polymers.

1.2 The molecular origin of elasticity in polymers

Polymeric materials are viscoelastic. This means that their mechanical properties are

intermediate between two archetypes: the purely viscous liquid and the purely elastic

solid. The former is described by Newton's law of viscosity,

σ = ηγ̇ (1.1)

where η is the viscosity, σ is the shear stress and γ̇ is the shear rate. A viscous liquid

has a purely dissipative behavior: all energy spent for deformation is dissipated into

friction between molecules and transforms into heat. The purely elastic solid obeys

Hooke's law,

σ = Gγ (1.2)

where γ is the deformation strain and G the elastic shear modulus. Equation (1.2)

describes a purely conservative behavior: all energy spent to deform the material is

released back as soon as the imposed force �eld that induces the deformation is removed.

Viscoelastic materials are characterized by the fact that the mechanical response to an

external strain or stress depends on the timescale during which the mechanical behavior

is considered. At long times, a viscoelastic material will �ow and dissipate all energy

transferred to it. However, at short times, it will react as an elastic solid, yielding back

part of the energy spent for its deformation. From a microscopic point of view, transient

elasticity is described with a molecular structure. A typical case is that of long �exible
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polymer chains. In a polymer melt, chains are intermingled with each other and the

motion of a single chain is hindered by the topological entropic constraints imposed by

the surrounding molecules, as illustrated in �gure 1.1

Figure 1.1: Schematic illustration of polymer chains in a melt. A single chain (highlighted
in red) is con�ned in a tube-like region by the surrounding chains.

These topological constraints are usually referred to as entanglements. Entangle-

ments con�ne a polymer chain in a tube-like region. At long time scales the chain can

di�use curvilinearly along the tube, akin to a snake motion. This di�usion mechanism

is thereby called reptation. Reptation is a dissipative, di�usive mechanism [11, 12].

However, when a polymer melt is subjected to very fast deformation, chains do not

have time to relax stress by di�using past each other through reptation. At short time

scales, entanglements act as �xed constraints between molecules, akin to permanent

cross-links in rubber networks. The temporary network formed by entanglements is re-

sponsible for the transient elastic properties of polymers. Polymer chains in amorphous

polymers at rest are random coils in their unperturbed con�gurations. The function

W (r) describing the end-to-end chain vector r is Gaussian and its distribution is given

by [1]:

W (r) =

(
3

2
π〈r2〉0

)3/2

exp

[
−
(

3

2
〈r2〉0

)
r2
]

(1.3)

where 〈r2〉0 is the mean square magnitude of r averaged over all possible spatial con-

�gurations. The Helmholtz free energy of the chain, A is given as a function of the
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1.2 The molecular origin of elasticity in polymers

displacement length r ≡ |r| by:

A(r) = A0(T )− kT lnW (r) = A0(T ) + (3kT/2〈r2〉0)r2 (1.4)

By di�erentiating equation (1.4) with respect to r one obtains a simple tension-displacement

relation [1, 13]

f =
3kT

〈r2〉0
r (1.5)

where f is the magnitude of the tensile force and r is the average distance between ends

of the chain. The relation (1.5) is analogous to Hooke's law for elastic spring f = Kδr

where the proportionality constant, K between the force f and the displacement δr is

given by 3kT/〈r2〉0. Therefore, when the network is deformed, the random coils are

deformed as well and polymer chains act as molecular springs at short time scales.

Furthermore, we note that elasticity is purely entropic here. It arises exclusively from

the tendency of a chain to relax from an oriented state by adopting conformations of

maximum randomness. Assuming that the transient network undergoes a�ne defor-

mation, the elastic free energy of the whole network is given integrating equation (1.4)

over all chains in the network. From a macroscopic point of view, the elastic properties

of the transient polymer network are described by the elastic plateau modulus G0
N ,

whose magnitude is directly related to the number density of the cross-linking points

of the network i.e., entanglements. The density of entanglements is governed by two

length parameters: the step length of the Gaussian chain, also de�ned as Kuhn length

b and the lateral distance between chains, determining the amount of chain strands per

volume, a quantity directly related to the tube diameter a. Such quantities depend on

the chemical structure therefore, the plateau modulus is �xed for a given polymer and

de�ned as [1, 13]:

G0
N = νkT =

4

5

ρRT

M0

b2

a2
(1.6)
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where ν is the number density of entanglements, k the Boltzmann constant and T the

absolute temperature, R the gas constant and M0 the molecular weight of the Kuhn

segment. Equation (1.6) relates macroscopic elastic properties of polymers to their

microstructure and it is in good agreement with experimental data [14]

1.3 Linear and nonlinear rheology of molten polymers

As underlined in section 1.2, the stress response of viscoelastic materials to any im-

posed deformation is time-dependent. For example, the stress in a polymeric material

subjected to a step-strain is constant and proportional to the applied strain, akin to

elastic solids, but it decays and eventually approaches zero at long times, as for a

viscous liquid. The study of complex behavior of soft matter promoted the establish-

ment of a new discipline in the early 1900s, known as rheology (from the statement

of the Greek philosopher Heraclitus, τα Πάντα
,
ρει̃, everything �ows). Rheology was

thought as a new branch of material science derived from mechanics of continuous me-

dia, aimed to provide the tools for describing the �ow behavior of viscoelastic materials

and relate their macroscopic mechanical properties to their molecular structure. The

time-dependence of materials response is rationalized in rheology through the concept

of Deborah number [15] (symbol De), a dimensionless quantity de�ned as follows

De =
time of relaxation

time of observation
(1.7)

The Deborah number is fundamental to discriminate between the liquid-like and solid-

like (elastic) response of a material. Large values of De imply that the characteristic

relaxation time, τ of the material is much larger than that of the observation, therefore

the material will not relax over the duration of observation and behave as elastic solid.

Conversely, small values of De correspond to viscous liquid behavior. The Deborah

number is relevant for transient experiments where elastic properties of the material
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1.3 Linear and nonlinear rheology of molten polymers

change as a function of time. However such number is identically zero in steady �ows

where the stretch history of the material (and hence its elasticity) remains constant

[16]. In this respect, it is useful to de�ne another dimensionless number, the Weis-

senberg number (symbol, Wi), de�ned as the product of the characteristic relaxation

time of the material, τ by the shear rate γ̇, Wi = τ γ̇. The value of Wi provides a way

to de�ne the linearity conditions in steady �ow experiments, such as simple shear and

uniaxial extension [17].

In general, linear conditions can be de�ned both macroscopically and microscopically.

From a microstructural point of view, linearity is preserved as long as the molecules

are only slightly perturbed from their equilibrium con�gurations upon applying a de-

formation. Within the hyphotesis of a�ne deformation, such a situation is possible in

the limit of small applied strains. From a macro-rheological point of view, small strains

imply that the rheological parameters such as moduli and compliances are independent

on the magnitude of the applied strain and stress, respectively. On the other hand,

if the strain value is increased beyond the linear regime, molecular conformations are

strongly altered with respect to their equilibrium values. Consequently, rheological

properties tend to be di�erent from equilibrium. In the following, we introduce the

main rheological parameters used to describe the �ow properties of viscoelastic mate-

rials both in linear and nonlinear regime. Such parameters are de�ned starting from

simple shear �ow experiments presented below.

Stress relaxation

During stress relaxation tests (also called step-strain), a constant strain γ is applied

for a certain time ∆t and the evolution of the stress σ in the material is measured.

Figure 1.2 shows the rheological response to step strain of purely viscous liquids (L)

and purely elastic solids (S) along with that of viscoelastic materials (VE). A viscous

liquid obeys Newton's law σ = ηγ̇. The shear rate γ̇ is the derivative of the step-
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Figure 1.2: Stress relaxation test (L, liquid; S, solid; VE, viscoelastic).

strain, and therefore is a Dirac delta function. A viscous liquid reacts to step-strain

deformation with an in�nite stress pulse which decays to zero instantaneously. Elastic

solids obey Hooke's law σ = Gγ therefore, the response to step-strain is a step-stress

whose value is given by σ = Gγ. Viscoleastic materials have intermediate response:

at short times, the stress raises instantaneously to a �nite value (elastic response) and

then it gradually decays to zero. In linear regime, the level of the stress curve σ = σ(t)

is proportional to the applied strain γ therefore, it is straightforward to overcome the

strain dependence of the results by de�ning the so-called relaxation modulus, G(t),

de�ned as follows

G(t) =
σ(t)

γ
(1.8)

In light of the above, the relaxation modulus G(t) is a strain-independent quantity in

linear regime. At larger strains, nonlinear conditions are approached and G(t) becomes

lower and lower as the strain γ increases, therefore the strain dependence is recovered

(G = G(t, γ)) as described in �gure 1.3 From the shape of the curves in �gure 1.3, one

can observe that the function G = G(t, γ) can be factorized as follows

G(t, γ) = G(t)h(γ) t > τ (1.9)
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1.3 Linear and nonlinear rheology of molten polymers

Figure 1.3: Relaxation modulus of viscoelastic materials in nonlinear regime. Strain γ
increases from top to bottom.

where h(γ) is the so-called damping function and τ is a characteristic time of the

material [18]. This principle is also called time-strain separability [19]. For some

systems, the Deborah number based on τ is smaller than unity and G(t, γ) can be

factorized over the whole experimental time.

Creep

The creep test consists in applying a constant stress σ to a material for a certain time

∆t and measuring the temporal evolution of the strain. Figure 1.4 depicts the material

response of model materials to creep experiments.

Figure 1.4: Material response to creep test (L, liquid; S, solid; VE, viscoelastic).

For a purely viscous liquid (L) following Newton's law, the strain increases linearly
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starting from the time t0 at which stress is applied. The slope of the curve has a value

identical to the Newtonian viscosity. Conversely, solid materials (S) respond to con-

stant stress σ with a constant strain given by the ratio of the stress over the elastic shear

modulus, γ = σ/G. Viscoelastic material are characterized by intermediate response

between elastic solids and viscous liquids, depending on the time scale of observation.

At short times viscoelastic materials respond to creep �ow with an instantaneous defor-

mation which tends to be constant over a brief time (elastic response). Subsequently,

�ow behavior is approached, and the curve of γ = γ(t) tends to a straight line on a

linear-linear plot, with a slope given by the zero shear viscosity. The level of the strain

function γ = γ(t) is directly proportional to the stress σ applied. In order to avoid

σ dependence of the data, a rheological parameter is de�ned for creep, referred to as

creep compliance, J(t), given by

J(t) =
γ(t)

σ
(1.10)

In the linear regime, i.e., for small values of σ, the creep compliance is strain-

independent and the approximate relation G(t) = 1/J(t) holds fairly well. When

nonlinear conditions are approached, the compliance curves become stress-dependent

J = J(t, σ) and they are shifted towards larger values as the applied stress increases.

Frequency response

During frequency response test, a sinusoidal strain (or stress, in a stress-controlled

mode) is applied γ(t) = γ0 sin(ωt), and the stress (or strain, in a stress-controlled

mode) response is measured. Under the assumption of small strains, the response to a

sinusoidal strain-wave is a sinusoidal stress wave σ(t) = σ0 sin(ωt + δ). For a viscous

liquid (L) the response wave is shifted at δ = π/2 with respect to the strain-wave. Such

a phase shift derives from the Newton's law: the stress is in phase with the shear rate,

given by the derivative of the sinusoidal strain. Therefore, the stress is a cosinusoidal
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1.3 Linear and nonlinear rheology of molten polymers

function. For purely elastic solids (S), application of Hooke's law yields δ = 0 therefore

stress and strain waves are in phase. The stress response of viscoelastic materials has

a phase shift between 0 and π/2 with respect to the strain-wave. Figure 1.5 shows the

frequency response of the three aforemetioned materials.

Figure 1.5: Material frequency response.

The frequency response of viscoelastic materials can be decomposed as follows

σ(t) = σ0 sin(ωt+ δ) (1.11)

σ(t) = σ0 [sin(ωt) cos(δ) + cos(ωt) sin(δ)] (1.12)

σ(t)

γ0
=

σ0 cos(δ)

γ0
sin(ωt) +

σ0 sin(δ)

γ0
cos(ωt) (1.13)

σ(t)

γ0
= G′ sin(ωt) + G′′ cos(ωt) (1.14)

In equation (1.14) the elastic modulus G′ = (σ0 cos(δ))/γ0 and the viscous mod-

ulus G′′ = (σ0 sin(δ))/γ0 are de�ned. In general, G′ is a measure of the amount of

energy stored during an oscillation cycle while G′′ is a measure of the amount of en-

ergy dissipated. Given the proportionality between σ0 and γ0 in the linear regime, the

viscoelastic moduli are strain-independent. As the strain is increased beyond linear-

ity limits, di�erent situations are possible, according to the nature of the particular

viscoelastic material observed [20]. Such possibilities are reported in �gure 1.6.

In the nonlinear regime, the stress wave is still periodic but not sinusoidal, the

shape depending on the particular material. An e�cient technique to study nonlinear
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Figure 1.6: Large amplitude oscillatory shear behavior of viscoelastic materials (a, shear
thinning; b, shear thickening; c, weak overshoot; d, strong overshoot).

behavior of materials is to perform frequency tests with a strain amplitude such that

nonlinear conditions are approached. Then, the analysis of the material response is

carried out through a Fourier transformation of the stress wave and the study of the

characteristics of higher harmonics [21]. However, such technique remains to date

purely phenomenological. Amorphous polymers follow a shear thinning behavior as

reported in �gure 1.6(a) From oscillatory experiments is it possible to obtain a complex

viscosity as follows

η∗(ω) =

√
G′2 +G′′2

ω
(1.15)

For most of the amorphous polymers, it has been empirically demonstrated that the

complex viscosity is numerically identical to the shear viscosity if the shear rate γ̇ is

numerically equal to the frequency ω:

η∗(ω) = η(γ̇)|ω=γ̇ (1.16)
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1.3 Linear and nonlinear rheology of molten polymers

Such empirical observation is referred to as Cox-Merz rule [22].

Transient start-up shear

Shear start-up tests (also referred to as step-rate tests) consist in applying a constant

shear rate to a material for a time ∆t and measure the evolution of the stress over

time. The stress response of viscous liquids, elastic solids and viscoelastic materials to

start-up shear is reported in �gure 1.7.

Figure 1.7: Start-up shear response of materials (L, liquid; S, solid; VE, viscoelastic).

Viscous liquids (L) react to constant shear rate with an instantaneous constant

stress. The ratio of the stress and the applied shear rate yields the Newtonian viscosity

η0 = σ/γ̇. The viscosity of viscous liquids is only function of the temperature T and

pressure P , η = η(T, P ). At constant shear rate, the strain increases linearly with time.

Hence, the stress in elastic solids subjected to step shear increases linearly, according

to Hooke's law. If the solid is brittle, failure occurs when the strain level reaches the

nonlinear limit as indicated by the red cross in �gure 1.7(S). On the other hand, if the

solid is ductile, beyond linear regime the structure yields but it is still able to with-

stand some deformation before breakage (S, blue curve).The response of viscoelastic

materials is intermediate between viscous liquids and elastic solids, depending on the

time scale of observation. When a constant shear rate is applied in the linear regime,
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the stress in a viscoelastic material starts to increase quasi-linearly with a slope given

by a characteristic value of the elastic modulus. At longer times, the stress approaches

a plateau value. The ratio of the stress plateau σ(t) over the applied shear rate γ̇0

gives the transient viscosity η(t). For shear rate experiments on viscoelastic polymer

materials, linear conditions are de�ned according to the values of shear rate γ̇ rather

than strain γ. This is due to the fact that the microstructure of polymer materials

is not static as for solid lattices. Polymer chains in molten state di�use past each

other due to thermal motion. If the characteristic time of the �ow is longer than the

characteristic time for di�usion, the polymer chain have the possibility to di�use while

sheared. In such a case, the �ow does not a�ect the conformation of the transient

network, i.e., the entanglements density. Therefore, even if the strain increases indef-

initely, the �ow is in linear regime. However, when the characteristic time of shear is

shorter than the reptation time, di�usion cannot occur over the typical experimental

time. In this case, entanglements act as permanent crosslinks at short time scales,

inducing strong orientation and stretch of the coils. At longer time scales the system

reaches a new equilibrium state characterized by a lower density of entanglements and

lower viscosity. Strong orientation and stretch of the polymer coils de�ne nonlinear

shear �ow regime. In linear regime, the relaxation from steady state upon �ow cessa-

tion involves only the recovery of random coil con�guration from oriented state. In this

case the relaxation is in general exponential with a single mode. In nonlinear regime

the relaxation upon �ow cessation involves recovery from stretch and orientation and

it is usually a multimode exponential process. In view of this picture, the viscosity

of viscoelastic materials is not function of the sole temperature and pressure but also

of the shear rate, η = η(T, P, γ̇). The shear rate dependence comes into play when

the value of the shear rate is larger than the inverse of the maximum relaxation time

of the system, τD. In other words, if the Weissenberg number, Wi = γ̇τD is larger

than unity, the viscosity of the viscoelastic materials is also function of the shear rate.
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For amorphous polymeric materials, the viscosity decreases upon shear rate increase

in nonlinear regime. This behavior is known as shear thinning. The trend of transient

viscosity in nonlinear regime is depicted in �gure 1.8.

Figure 1.8: Linear and nonlinear shear response of a viscoelastic material.

Figure 1.8 reports the evolution of the transient shear stress (left panel) upon appli-

cation of a step shear rate for a certain time ∆t, at three shear rates corresponding to

three di�erent regimes (red, linear; green, moderately nonlinear; blue, strongly nonlin-

ear). Relaxation of the stress upon �ow cessation is also depicted. The corresponding

temporal evolution of viscosity is reported in the right panel. Under linear conditions

(red curve) the stress increases and then reaches a plateau value. Moreover, as the

�ow is stopped the stress relaxes to zero. This situation corresponds to Wi < 1.

When Wi > 1 the stress curve displays an overshoot before reaching steady state. As

mentioned above, the peak of the stress involves strong orientation and stretch of the

coils. The plateau value of the stress depends on the shear rate in nonlinear regime. In

strong nonlinear conditions (blue curve) the coils are oriented and possibly stretched.

At high rates an undershoot following overshoot appears. The molecular origin of the

undershoot will be clari�ed in the next chapters.

1.4 Normal stresses and �ow instabilities

So far stress σ, strain γ and shear rate, γ̇ have been treated as scalar quantities. This

is possible for given directions of the stress and the �ow �eld. In a more general case
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σ, γ and γ̇ in particular directions are components of the stress tensor σ, the strain

tensor γ and the velocity gradient tensor γ̇, respectively. Throughout the text, tensors

are indicated by small bold Greek letters or capital bold Latin letters whereas vectors

are indicated by small bold Latin letters. A tensor is a linear mathematical operator

which acts on a vector a to yield a vector b. For example, once a Cartesian reference

system is established in a point p of a material, the vector a could be a unit vector,

de�ning a certain surface S encompassing p through its normal direction, while the

vector b could consist of three components of the stress on the surface S along the

three directions of the Cartesian system. If one is able to de�ne a tensor σ which can

trasform a in b, the stress in the point p of the material acting on a generic surface

would be known as soon as the surface A is de�ned through the normal unit vector.

Such a tensor σ would include all necessary information to de�ne the state of stress

in a point p of the material on a generic surface. In order to demonstrate that it is

possible to de�ne a tensor σ with the aforementioned characteristics, let us consider

a generic point p in a material and a Cartesian reference system with origin in p as

depicted in �gure 1.9.

Figure 1.9: De�nition of the stress tensor components.
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Let us focus on the rectangular tetrahedron of �gure 1.9. The quantities dAi de�ne

the i− th surface normal to the direction i. The unit vector n is normal to the surface

dAn. Let σij be the component of the stress acting on the surface of normal direction

i along the direction j. If the components σij with i, j = 1, ..., 3 on the three surfaces

dAi are known, the stress components of the vector t = (t1, t2, t3) acting on the surface

de�ned by n along the directions x1, x2 and x3 are known. In order to demonstrate it,

let us note that

dAi = dAn(ei · n) i = 1, ..., 3 (1.17)

Apart from surface forces, a volume (body) force will be acting on the tetrahedron

volume f = (f1, f2, f3) For translational equilibrium of the tetrahedron to translation

along the i− th direction we have

σ1,idA1 + σ2,idA2 + σ3,idA3− tidAn + fidV = 0 (1.18)

As the tetrahedron approaches in�nitesimal dimensions, dV/dAi → 0 therefore the

volume force is negligible:

σ1,idA1 + σ2,idA2 + σ3,idA3 = tidAn (1.19)

Introducing equation (1.17) into equation (1.19) leads to the following

σ1,idAn(e1 · n) + σ2,idAn(e2 · n) + σ3,idAn(e3 · n) = tidAn (1.20)

(σ1,ie1 + σ2,ie2 + σ3,ie3) · n = ti (1.21)
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For the three directions 1, 2, 3, in matrix notation we have:


σ11 σ12 σ13

σ21 σ22 σ23

σ31 σ32 σ33

 · n = σ · n = t (1.22)

Equation (1.22) is known as Cauchy's law [23]. The nine components σij with i, j =

1, 2, 3 de�ne the stress tensor σ. The stress tensor σ describes the state of stress in

the generic point p of a material. For rotational equilibrium, the tensor is necessarily

symmetric, therefore σij = σji. We note that the components of σ out of the diagonal

are shear stresses while the components in diagonal are normal stresses. For incom-

pressible �uids, if the components σii with i = (1, ..., 3) are equal in modulus, no �ow

will occur. In order to induce motion, the important quantities are therefore the dif-

ferences of normal stresses in the di�erent directions. The di�erence N1 = σ11 − σ22

is referred to as �rst normal stress di�erence while the quantity N2 = σ22 − σ33 de-

�nes the second normal stress di�erence. In the de�nition of N1 and N2 we follow

the generally accepted convention for the direction of normal stress di�erences: if the

material moves only along direction 1 and the velocity varies only along direction 2,

the �rst normal stress di�erence is the di�erence between σ11 and σ22 while the sec-

ond normal stress di�erence is the di�erence between σ22 and the normal stress acting

along the third independent direction σ33. In the de�nition above, we considered tensile

stresses as positive and compression stresses as negative. In the analysis of motion in

cone and plate shear rheometry spherical coordinates are more suitable than Cartesian

reference (�gure 1.10). In such coordinates, normal stress di�erences are de�ned as

N1 = σφφ − σθθ and N2 = σθθ − σrr, according to the above-de�ned convention.

A peculiarity of polymer materials is that they develop normal stresses when sub-

jected to simple shear in strong nonlinear conditions. These stresses are responsible

for �ow instabilities. Examples of such instabilities are reported in �gure 1.11. The
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1.4 Normal stresses and �ow instabilities

Figure 1.10: De�nition of the stress tensor components in spherical coordinates.

Weissenberg e�ect (�gure 1.11.a), also referred to as rod-climbing, describes the ability

of some polymeric materials subjected to strong stirring to climb the stirring rod. The

second normal stress di�erence has been indicated to be the cause of such e�ect. Die

swell (�gure 1.11.b) is an extrusion instability which occurs when a molten polymer is

ejected from a die. If the shear rate of extrusion is high compared to the characteristic

relaxation time of the material, the diameter of the extrudated �lament swells with re-

spect to the diameter of the extruder tube [27]. Sharkskin (�gure1.11.c) is another �ow

instability occurring during extrusion, characterized by fractures around the extruded

�lament, which look like the openings on the skin of a shark [28]. Such instability is due

to stick-slip mechanism of the molten polymer �owing in the extruder cavity. Edge

fracture (picture 1.11.d) occurs in rotational reometry. At high values of the Weis-

senberg number the second normal stress di�erence overcomes the interfacial tension

of the ideally spherical surface of the sample. The original shape is therefore distorted.

As the �ow proceeds, the corrugated surface develops a fracture which grows in time

and penetrates into the sample [26]. In extreme conditions, the polymer is rolled up

between the two plates and eventually expelled from the measuring system.
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Figure 1.11: Flow instabilities (a, Weissenberg e�ect (picture from ref.[24]); b, die swell
(picture from ref.[24]); c, sharkskin (picture from ref.[25]); d, edge fracture (picture from
ref.[26]).
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1.5 The concept of cone-partitioned plate geometry

Shear fracture is a serious issue hindering reliable measurements in start-up rotational

shear �ow of viscoelastic materials. The phenomenon has been intensively studied

since the early work of Tanner and Keentok [29] who indicated that shear fracture in

rotational rheometry is caused by the second normal stress di�erence. As shear frac-

ture cannot be avoided in rotational measurements, it poses experimental challenges

to properly measure torque and axial force. The main problem is that edge fracture

penetrates into the sample creating voids inside the measurement volume. Such voids

signi�cantly reduce the torque and axial force readings with respect to the ideal values

(with no fracture occurring). The most e�ective solution to overcome such problem was

initially found by Pollett [30] and pioneered by Meissner and coworkers [31] who im-

plemented a so-called cone-partitioned plate geometry (CPP) on a rotational RMS800

rheometer. The idea of such geometry is to measure only the innermost part of the

sample disc which is not a�ected by edge fracture. Figure 1.12(a) shows a schematic

of the working principle of the CPP. The transducer senses only the inner portion of

Figure 1.12: Schematic of cone partitioned plate geometry (white, bottom cone attached
to the motor; light gray, upper plate attached to the transducer; dark gray, non measuring
partition; blue, sample; the shaded area is the measured part of the sample.

the sample while an outer non-measuring partition covers the remaining part of the

�uid. The gap between the inner and outer partition is a small fraction of millimeter.
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When edge fracture occurs during a start-up shear experiment (�gure 1.12(b)), some

time is needed until it propagates inward to such an extent that it penetrates into

the measured volume. During this time, reliable measurements of torque and axial

force are still possible. A remark is in order about the normal force measurements

with CPP geometry. In simple cone-plate geometry, N1 coincides with the double of

the axial force F divided by the area of the measuring plate (N1 = 2F/(πR2), with

R being the radius of the sample) hence it is directly measured . In CPP geometry,

due to sample over�lling (i.e. the ratio of the radius of the measured sample Ri with

respect to the external radius R), the measured N1 is an apparent one N1,app, because

of the contribution to the normal stress distribution of the non-measured part of the

sample. Depending on the over�lling, the di�erence between the e�ective value of the

normal force and the apparent one can be very signi�cant. Moreover, the normal force

distribution is a�ected by edge fracture therefore the axial force signal is unavoidably

a�ected by error. However, when fracture induces only a slight disturbance of the free

surface, such an error is generally lower than 5% [32]. By means of CPP geometry, N2

can be also obtained, as reported in chapter 3 [30, 31, 33]. Similarly to N1, N2 is also

a�ected by some error as soon as fracture occurs. Even in this case however, if the

fracture does not become catastrophic, the error is negligible. As explained in chapter

3, reliable measurements of N1 and N2 can be detected only for the steady state values

as axial compliance induces delay in the axial force signal that is not easily quanti�ed.

1.6 Linear and ring polymers

As mentioned above, the dynamics of linear polymers have been analysed within the

framework of the tube model that allows to reduce the many body problem of chain

motion in an ensemble of chains comprising a polymer melt, to a single body problem,

i.e. the motion of a test chain con�ned in a tube-like region. The main relaxation

mechanism of the test chain is reptation, namely curvilinear di�usion along the tube. In
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1.6 Linear and ring polymers

the original formulation of the tube model, reptation was the only relaxation mechanism

[11]. Such model predicts a cubic dependence of the zero shear viscosity η0 on molecular

weight Mw whereas the experimental dependence indicates that:

η0 ∝M3.4
w (1.23)

For this reason, the tube model underwent several re�nements and other relaxation

mechanism were introduced, such as contour length �uctuations (CLF)[34], thermal

constraint release (TCR) and convective constraint release (CCR), the latter being rel-

evant for nonlinear �ows[35, 36]. The CLF mechanism explains the 3.4 exponent in the

relation (1.23). Such mechanism takes into account the fact that the relaxation of the

chain ends is faster compared to the internal monomers, as they can freely �uctuate and

shorten the tube length instantaneously. The CCR mechanism considers the fact that

chains making the tube, can convectively di�use in fast shear �ows and remove some

of the tube constraints, changing the tube conformation. Such mechanism is useful to

correctly predict the transient evolution of the stress in shear �ow and relaxation of

polymers after �ow cessation. Stress overshoot in transient shear experiments can be

explained in terms of chain orientation and stretch while the stress reduction following

the undershoot can be interpreted in terms of partial disentanglement due to CCR [37].

Further re�nements of tube model pointed out that, due to partial disentanglement,

linear chains can undergo tumbling in transient shear �ows [38]. Moreover, tumbling

can be directly related to stress undershoot following the overshoot in transient startup

shear [39].

The success of the tube model relies on the e�ective interpretation of free-ends dynam-

ics. In absence of free ends, mechanisms such as reptation and CLF are not possible.

An e�ective strategy to avoid free chain ends is to synthesize ring polymers. Ring

molecules can be made in dilute environment [40]. However, the separation of rings
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Figure 1.13: schematic representation of molten ring polymers.

from the unlinked linear precursors is challenging. On the other hand, small fractions

of linear contaminants dramatically a�ect the rheological behavior [41]. Recently, a

very e�cient separation method consisting in Liquid Chromatography at the Critical

Condition (LCCC) was employed to obtain high purity ring polymers with a fraction

of linear contaminant below 5% [42]. From the study of the linear rheology of highly

puri�ed ring polymers [41, 43], it was found that no plateau of the storage modu-

lus is detectable from the dynamic mastercurves, conversely to linear polymers [43].

Moreover, stress relaxation experiments on rings showed that the stress decays as a

power-law over an extended range of time scales [41]. Several theoretical studies have

been carried out in order to describe the dynamics of ring polymers. The two most

relevant models are the Rouse model extended to ring polymers [44] and the lattice-

animal model [45]. The �rst model consists in solving the equation of motion for a

bead-spring ring chain. Because of the absence of free ends, all segments of the chain

are equivalent. Therefore, the orientational anisotropy during creep is the same for all

segments and independent of time, conversely to linear polymers where free ends relax

faster compared to the inner segments of the chain. In other words, no retardation

occurs for the segment anisotropy in ring polymers. However, the ring chain exhibits

retardation behavior in its creep strain. The conformational analysis indicates that this

retardation of the ring chain corresponds to growth of the orientational correlation of
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di�erent segments with time. The lattice-animal model analyses the conformation of a

ring polymer in a lattice of �xed obstacles. Topological constraints of entangled rings

force them to adopt lattice-animal-like conformations comprising double-folded loops

that relax stress by sliding along the contour of other loops. However, both models

are in disagreement with experimental data on rings, most likely because of multiple

threading of ring loops which interpenetrate each other [41, 46].

Nonlinear experimental shear rheology of ring polymers is a virtually unexplored �eld

because of the very low amount of samples available compared to quantities required

for nonlinear measurements. Our homemade CPP geometry, with the inner radius of

6mm allowed us to perform nonlinear start-up shear experiments on ring systems. Re-

sults of such experiments will be presented in chapter 4 along with nonlinear rheology

of linear polymers.

1.7 Hyperbranched and dendronized polymers

The category of branched polymers encompasses a wide range of di�erent polymer

architectures. The common feature of these systems is that the structure includes at

least one monomer from which three or more chains originate. Figure 1.14 shows a

cartoon illustration of the most common branched architectures.

Figure 1.14: Cartoon illustration of di�erent branched polymer architectures (a, star; b, H
polymers; c, pom-pom; d, dendrimer; e, comb/bottlebrush; f, dendronized.

Star polymers are the simplest branched structure. The number of arms, also
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referred to as functionality f , ranges from a minimum of 3 up to several hundreds.

The main feature of molecular dynamics of entangled star polymers is the fact that

one end of the arm is e�ectively forzen, i.e., the core acts as a stagnation point. In

order to di�use along its tube, a single arm will �uctuate from the periphery (free end)

to the center. This would translate into a huge entropic penalty [47]. Therefore, the

main relaxation mechanism of such polymers is arm-retraction, a Rouse-like mechanism

similar to countour length �uctuations: in order to release the stress, an arm has to

retract along its tube and then move to a new con�guration involving a new section

of the tube. Thereby, the memory of the old con�guration and the stress associated

with it are lost. The characteristic stress-relaxation time τa of star polymers increases

exponentially upon the number of entanglements per arm, Za = Ma/Me where Ma is

the molecular weight of a single arm. For f ≤ 32, the time τa is not dependent on the

functionality f [48]. Concerning the frequency response of star polymers, the frequency

spectrum of the dynamic moduli indicates a much broader relaxation compared to

linear polymers of comparable Mw (Mw,linear = 2×Ma), re�ecting the entropic barrier

to retraction (relaxation process). Moreover, the loss modulus G′ keeps increasing with

frequency after the terminal crossover frequency ωc. Such characteristics are associated

with the relaxation process of the star arms. The viscosity is also independent on

the number of arms and increases exponentially upon Za according to the following

equation:

η0 ' A exp (BZa) (1.24)

where A and B are constant independent on the length of the arm [1]. Each chain

end of a star polymer can be grafted with two or more branches in order to obtain

the so-called dendrimers (or dendritics, �gure 1.14(d)). The grafting process can be

carried out up to di�erent generations so that more complex and bulky structures are

obtained. Relaxation process of dendrimers is a hierarchical process [49]. Relaxation
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1.7 Hyperbranched and dendronized polymers

starts by arm retraction of the the outermost branches. Once they have relaxed they

act as diluent for the inner branches, speeding up the relaxation/retraction of the

latter. Correspondingly, the loss factor tan(δ) = G′′/G′ as a function of frequency

ω is characterized by several peaks which correspond to the relaxation of the di�er-

ent generations [50]. A useful simpli�ed model for branched polymers is the so-called

pom-pom model (�gure 1.14(c)). Such architecture consists in a linear backbone where

both chain ends are branched, with more than two arms originating from each end [51].

The pom-pom model through hierarchical relaxation explains the nonlinear rheological

features of hyperbranched polymers such as long chain branched polyethylenes, i.e.

strain hardening in extension and shear thinning under shear. Hierarchical relaxation

applies also to comb polymers (�g. 1.14(e)). Such systems are characterized by short

branches randomly grafted on a linear backbone. The simplest case of comb polymers

is represented by the so-called H polymers (�gure 1.14(d)). At times shorter than the

retraction/relaxation time of the single branch, τa the backbone is frozen in its tube

whereas relaxation of the side branches occurs [51�53]. At time scales larger than τa

the relaxation of the outer branches is completed and the backbone can reptate along

its tube [54]. Backbone reptation proceeds by the hopping of the branching points

with relaxed arms. In this case, tan(δ) = tan(δ(ω)) indicates two processes: a high fre-

quency one, corresponding to the relaxation of the side branches, and a low frequency

one, corresponding to the relaxation of the backbone [48].

Starting from the paradigm of comb polymers, the grafting density of side branches

on the backbone can be increased up to one arm per repeating unit. Simultaneously,

the length of the branches can be also increased. Such systems are referred to as

bottlebrush polymers [55, 56]. Moreover, if the side arms of these densely branched

polymers are grown dendritically, such systems are referred to as dendronized polymers

[57, 58] (�gure 1.14(f)). Bottlebrush and dendronized polymers are characterized by

high steric crowding around the linear backbone. This feature includes them in the
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category of thick polymers, described in section 1.9. The rheology of bottlebrush and

dendronized polymers possess some characteristic of highly branched systems, such as

the continuous decreasing of the elastic modulus G′ in the intermediate frequency range

corresponding to the relaxation of the side branches. However, molecular dynamics of

these categories are rather complex and described by a combination of hierarchical

relaxations of the side groups with extremely slow dynamics of the backbones. Molec-

ular thickness strongly a�ects the possibility of the backbone to form entanglements

(as explained in section 1.9, even at very large values of the molecular weight of the

backbone.

1.8 Associating polymers

In the past 25 years, technological and environmental challenges coupled with the need

of functional and stimuli-responsive polymers for a wide range of applications, have

led to the development of the so-called supramolecular chemistry [6, 7]. The category

of supramolecular polymers encompasses polimeric materials with very di�erent chem-

istry and structure, with the common ability to form stable aggregates beyond the

single molecule via secondary, highly-directional, reversible non-covalent interactions

[59]. Supramolecular polymers can self-assemble from functionalized monomers [60].

Such molecules possess a relatively low viscosity at high temperature which confers

them a high processability with low energy costs. On the other hand, if these sys-

tems are brought to low temperature, supramolecular bonds are formed. The latter

give rise to strong elastic networks resulting only from supramolecular associations

in the case of small molecules, or from a combination of supramolecular association

and topological interactions (i.e., entanglements) in the case of large molecules. In

principle, the breaking/reformation process of the supramolecular networks upon tem-

perature variation can be repeated for in�nite times, making supramolecular polymers

recyclable, akin to thermoplastics. On the other hand, the strength of supramolecular
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Figure 1.15: dimerization of ureido-pyrimidinone (picture from ref. [62]).

networks can be comparable with the mechanical properties of the thermosets. The

strong temperature dependence of the mechanical properties is a unique characteris-

tic of supramolecular networks insofar as breaking/reformation of bonds introduces

additional relaxation mechanisms to that of ordinary polymers. Such versatility has

made supramolecular polymers good candidates in applications such as coatings for

sensitive materials, cosmetics, foodstu�, and elastomers. Moreover, thanks to fast for-

mation/breaking kinetics of associating systems, some supramolecular polymers also

possess unique characteristics such as the self-healing ability [61].

Supramolecular interactions involve very di�erent types of noncovalent bonds, i.e. hy-

drogen bonding (HB), metal-ligand bonding, π−π stacking, etc. Among them, hydro-

gen bonding is the most frequently used in supramolecular chemistry. Such popularity

is due to the high reversibility of HB interactions and the large availability of HB groups

in organic chemistry [60, 62, 63], i.e., ethyl, carbonyl, carboxil and amide- units. The

relatively low strength of HB interaction has been compensated by the synthesis of

new functional groups capable of forming arrays of multiple hydrogen bonds [64]. In

this regard, the synthesis of Ureido-Pyrimidinone group (UPy, �gure1.15) has been a

remarkable achievement [63]. Such a functional group can form an array of four hydro-

gen bonds with an exceptionally strong dimerization constant in chloroform [65]. The
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e�ect of UPy incorporation into ordinary polymers on the mechanical properties has

been widely studied, starting from the simple scenario of linear unentangled polymers

[66�68]. The rheology of HB systems re�ects the role of supramolecular interactions.

Increasing UPy concentration in a linear backbone provides a number density of bonds

which can be larger than that of analogous well-entangled polymers. This induces an

enhancement of the elastic properties of unentangled systems with respect to entan-

gled ones. Moreover, it is possible to combine both entanglements and supramolecular

interactions to obtain very sti� materials with longer relaxation time compared to the

non-interacting analogous. Theoretical models have been proposed to study such sys-

tems, invoking coupling of reptation with bonding kinetics as relaxation mechanisms

[69]. Decoding molecular dynamics of supramoleuclar systems is further complicated

when supramolecular groups are inserted more complex structures than linear poly-

mers, i.e., stars or hyperbranched systems. As a case study, in chapter 6 and 7 of the

present work, we are going to examine the e�ect of supramolecular interaction of the

mechanical properties of dendronized polymers with both weak and strong hydrogen

bonding groups.

1.9 Molecular thickness and packing length

Since the development of modern polymer science, polymer chains have been considered

as curvilinear, one-dimensional objects. However, recent progress in chemistry has

opened the route to the synthesis of molecules such as bottlebrushes and dendronized

polymers, introducing a dense molecular crowding in the region around the linear

backbone. Consequently, questions were rised about the role of molecular thickness

in determining the elastic properties of polymer melts. In particular, the attention of

researchers focused on how molecular thickness would a�ect the capacity of polymer

systems to form entanglements. The question was �rst examined by Kavassalis and

Noolandi who revisited the concept of entanglements [70, 71]. They assumed that the
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entanglement molecular weight decreases upon increase of the polymer chain length.

Moreover, for a given chain length, the ability to form entanglements is dictated by

a geometrical parameter, the coordination number Ñ . For a given chain length, the

lower the coordination number the smaller the entanglement molecular weight.

Fetters and coworkers came up with the concept of packing length [14, 72]. The packing

length parameter, p is de�ned as follows

p =
M

〈r2〉0ρNa

(1.25)

where, 〈r2〉0 is the mean square end-to-end distance, M is the molecular weight

of the chain, ρ is the density and Na is the Avogadro's number. The packing length

p can be linked to the molecular diameter. Indeed, the quantity v = M/(ρNa) is

the molecular volume occupied by a polymer chain. If we consider the polymer chain

as a cylinder with length l = 〈r2〉0, the ratio of molecular volume to its length v/l

yields a cross-sectional area. Therefore, the smaller is p, the slender is the polymer

chain. According to the work of Fetters et al., the packing length is directly related

to the entanglement molecular weight Me and therefore to the plateau modulus. The

following relations exist between p, Me and G0
N :

Me

ρ
∝ p3 (1.26)

G0
N

T
∝ p−3 (1.27)

From equations (1.26) and (1.27) one can immediately infer that the packing length

a�ects the ability to form entanglements. In particular, the larger is the packing length,

the larger Me. This is demonstrated in �gure 1.16 where Me is plotted as a function

of p for di�erent polymer systems.

For �xed total molecular weight Mw, the larger is Me, the smaller the number
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Figure 1.16: Entanglement molecular weight, Me as a function of the packing length, p for
di�erent polymer melts [73].

of entanglements per chain Z = M/Me. Therefore, bulky chains tend to form less

entanglements and the resulting elastic plateau modulus is lower, as stated in equation

(1.27). Such characteristic is apparent for bottlebrush polymers but it is also present

in dendronized polymers, as we shall observe in chapter 6.

1.10 Summary

To date, material science and rheology have made remarkable steps forward in decod-

ing the linear mechanical properties of polymeric materials whereas, some aspect of

polymer dynamics in nonlinear �ows are still an open challenge. On the other hand,

the large distribution of polymer products induced fast industrial processing which

posed the problem of studying the mechanical nonlinear �ow properties of polymers in
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deep detail. Experimental work on nonlinear properties of polymers is complicated by

�ow instabilities, particularly in rotational shear �ows. Among such instabilities, edge

fracture is the most serious issue hindering reliable measurements in shear. The devel-

opment of Cone-Partitioned plate �xture for rotational rheometers allowed to overcome

experimental artefacts associated with fracture. In addition, proper implementation of

CPP geometry allows to extract all the viscometric functions of a speci�c system, i.e.,

viscosity and �rst and second normal stress di�erences as functions of the deformation

rate. The present work is between the necessity of decoding nonlinear �ow properties of

novel systems such as dendronized polymers as well as addressing some open challenges

in nonlinear rheology of simple molecules, and the possibility to obtain reliable mea-

surements in rotational shear �ows. In this respect, one of the main achievements of

this work is the design and implementation of a new CPP �xture for ARES rheometer

which allowed us to study nonlinear start-up shear of model systems even with very

small amounts of samples. We used such geometry to explore the interplay of topo-

logical constraints and supramolecular interactions in determining the �ow properties

of model systems. We started from the simple picture of linear polymers, attempting

at unrevealing the molecular origin of rheological features of linear polymers in start-

up shear, such as the stress undershoot following the overshoot at very high values

of Wi. Moreover, we investigated the nonlinear shear rheology of ring polymers, for

the �rst time from experimental perspective, aimed to elucidate the possibility of such

systems to form entanglements. Topological complexity has been also addressed by

studying nonlinear rheology of hyperbranched systems, such as Caley-Tree polymers.

Dendronized polymers which couple topological interactions with the ability to form

hydrogen bonding have been investigated as well. The role of hydrogen-bonding in

determining the mechanical properties of dendronized polymers is studied in depth by

incorporating UPy groups on the outermost branches of these systems.
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Chapter 2

MATERIALS AND METHODS

2.1 Materials

2.1.1 Linear Polystyrene melts and solutions

In order to elucidate molecular aspects of the transient nonlinear rheology of linear

polymers, we used four polystyrene (PS) samples of di�erent weight-average molar

masses Mw = 2000, 133000, 185000, and 285000 g/mol, coded as PS2k, PS133k,

PS185k and PS285k, respectively. The oligomer PS2k is a commercial sample pur-

chased from Sigma-Aldrich, Germany (with polydispersity index, i.e., ratio of weight

to number-average molar mass, PDI = Mw/Mn = 1.01. PS133k (PDI = 1.01) and

PS185k (PDI = 1.03) are commercial samples purchased from Polymer Laboratories,

UK. Sample PS285k (PDI = 1.09) was identical to that used by Huang et al. [74].

Two PS solutions were prepared by diluting PS285k in PS2k in order to match the

number of entanglements of the PS133k and PS185k melts. To maintain consistently

with previous studies, [74�76] we used Me = 13.3 kg/mol. Consequently, PS133k has

a number of entanglements Z = Mw/Me = 10 while PS185k has Z = 13.9. The
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entanglement molar mass of a polymer solution is given by [74]

Me(φ) = Me(1)φ−α (2.1)

where Me(φ) is the entanglement molar mass of the solution, Me(1) that of the

melt and α the dilution exponent (here taken to be 1.0). Using equation (2.1), we

calculated the amount of PS2k that needs to be added to PS285k in order to obtain

two solutions with the same Z of the corresponding melts. The results are shown in

table 2.1. In order to prepare homogeneous solutions, appropriate amounts of PS285k

and PS2k were added to pre-weighted toluene in a glass vial under gentle stirring for

48 h. Subsequently, the solvent was slowly evaporated at room temperature in a hood

over the course of 8 days and �nally in a vacuum oven at 100°C for 2 days in order

to strip the residual toluene. Toluene removal was monitored by keeping track of the

weight loss of the sample. In the �nal solutions the amount of residual toluene is less

than 0.5% wt.

sample φ Z

PS133k 1 10
PS185k 1 13.9
PS285k/2k-47 0.47 10
PS285k/2k-65 0.65 13.9

Table 2.1: Polymer volume fraction φ and number Z of entanglements in the four samples
used.

2.1.2 Ring Polystyrene melts and Ring/Linear blends

The PS ring samples were made by prof. Taihyun Chang and coworkers at the Pohang

University of Science and Technology (Korea). They are synthesized by ring closure of

telechelic PS which was prepared in THF by anionic polymerization using potassium

naphthalenide as an initiator. The synthetic scheme is shown in Scheme 2.1. The
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Figure 2.1: Synthetic scheme of PS rings.

anionic ends of PS were end-capped with diphenylethylene (DPE) �rst and then fur-

ther reacted with 1-(4-(3-bromopropyl)- phenyl)-1-phenylethylene (DPE-Br) to make a

telechelic DPE-ended PS. DPE-Br was prepared and puri�ed according the procedure

in the literature [77]. The ring closure of the telechelic PS was carried out in dilute

THF solution (0.1% w/v) by potassium naphthalenide [78]. As-synthesized ring PS

contains a signi�cant amount of byproducts (various linear adducts as well as multiple

rings), and it is puri�ed by fractional precipitation �rst to remove most of the high

Mw adducts. Then it is subjected to liquid chromatography at the critical condition

(LCCC) fractionation to obtain single ring PS with high purity. The ring polymer is

very sensitive to the linear contamination. A tiny amount of linear component added

to ring systems will induce a dramatic change in their rheological behavior [41]. On

the other hand, the conventional liquid chromatography cannot e�ectively purify the

ring sample. Here, the ring sample is puri�ed by LCCC fractionation [42]. The LCCC

technique can e�ectively purify the ring sample, making the residual linear contam-

ination hardly detectable in any analysis techniques including SEC and MALDI-MS

[42, 79]. The SEC chromatogram in Figure 2.2.a shows the comparison between the

elution curves before and after LCCC fractionation for a ring PS. The results clearly

indicate a very e�ective puri�cation of the ring polymer from the residual linear pre-

cursor. Figure 2.2.b shows the comparison between the chromatograms of the fractions
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Figure 2.2: (a) SEC chromatograms of ring products before (black) and after (red) LCCC
fractionation. (b) SEC chromatograms of linear precursor (blue) and pure ring (red) after
LCCC fractionation.
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of ring polymer and its linear precursor that had been separated by LCCC. The elu-

tion peak of the ring sample corresponds to a larger value of the elution volume with

respect to the linear sample. This corroborates the known fact that, due to molecular

structure, ring polymers have smaller size compared to linear polymers of the same

Mw. The weight-average molar mass, Mw, and the polydispersity, Mw/Mn, of the

ring polymer PS (coded as ring PS84k ) determined by SEC-light scattering detection

were 84 kg/mol and 1.003, respectively. In addition to ring PS84k, we also used a

ring PS with Mw=185k, prepared with the same procedure as the former (coded as

ring PS185k). For comparison we also investigated the linear polystyrene precursors

(same molar mass), with code lin PS-84k and lin PS-185k. In addition, we prepared

two blends of ring and linear polystyrenes: (i) molar mass 84 kg/mol for both compo-

nents, with the fraction of the linear being 85% (code lin/ring PS84k); (ii) molar mass

185 kg/mol for both components with the fraction of linear being 75% (code lin/ring

PS185k). The reason for using the blends is to test the response of a network formed

by linear chains threading rings when their fraction is extremely small [41].

2.1.3 Cayley-tree polymers

We used Cayley-tree PMMA of generation 3 (code G3) and 4 (code G4). These den-

dritically branched macromolecules were synthesized by Hirao and coworkers [80�84]

using benzyl bromide moieties as coupling agents. Earlier rheological investigations

were presented by van Ruymbeke et al. [50] who studied the linear and nonlinear

extensional properties. Each tree polymer consists of equal segments between genera-

tions (or with a free end at the highest generation). The number average molar mass

of each segment is Mn = 11000 g/mol (i.e., 2.4 entanglements) and the polydisper-

sity index Mw/Mn = 1.02. Figure 2.3 provides cartoon illustrations of the molecular

structures of G3 and G4. Characterization of G3 and G4 can be found in [50] and

[83, 84]. We performed size exclusion chromatography in fresh and used (after �rst
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Figure 2.3: Illustration of Cayley-tree polymers of 3 (G3) and 4 (G4) generations.

stretching experiment) sample G4. The results from the analysis with the RI detector

(not shown) show that there is a small fraction (about 6%) of larger molecules, which

we call side-products, with an average molar mass of about 1349000 g/mol, i.e., double

than that of the main target product (see also [83, 84]). Whereas these side-products

have an in�uence on the LVE at very long times [50], at this small amount they do

not a�ect the terminal response of the target dendritic molecules. This is also sup-

ported by earlier extensive work on structural and rheological analysis of branched

polymers [50, 54, 85]. Furthermore, the used samples appear to contain slightly larger

fraction of side-products (10%) but they were perfectly soluble in chloroform, a good

solvent. These facts, along with evidence from literature (for fractions of 15% lower

we can ignore their contribution to a �rst approach [54]), give con�dence about the

appropriateness of these samples for the present investigation.

2.1.4 Dendronized polymers

The synthesis of all dendronized polymers in this work was carried out by dr. Leon F.

Serc under the supervision of prof. Dieter A. Schlüter at the Swiss Federal Institute of

Technology (ETH), Zurich. The molecular structures of the herein investigated DPs are

illustrated in �gure 2.4. The �rst-generation PG1 dendronized polymers were prepared

via controlled radical polymerization of the corresponding methacrylate monomers with
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Figure 2.4: Illustration of the chemical structures of PG1, PG2 and PG3. Only the out-
ermost generation is expected to exert intermolecular π − π stacking and hydrogen bonding
interactions.
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Polymerizationa GPC analysisb

entry sample AIBN (mol%) CDB (mol%) time (h) yield (%) Mn (kDa) Mw (kDa) PDI Pn

1 PG1-50 2 2 23 70 23 28 1.2 44
2 PG1-300 0.4 0.4 18 67 140 210 1.5 260
3 PG1-1000 0.2 13 81 520 900 1.7 1002
4 PG1-1500 0.2 14 62 760 1090 1.4 1448
5 PG1-2000 0.2 16 73 1030 1530 1.5 1975
6 PG1-3000 0.1 14 68 1600 2900 1.8 3060

dendronization

entry sample coveragec (%) yeld (%) Mn (kDa) Mw (kDa) PDI Pn

7 PG2-50 72 54 58 1.1 44
8 PG2-300 71 310 500 1.6 255
9 PG2-1000 79 1150 1690 1.5 942
10 PG2-1500 76 1740 2100 1.2 1422
11 PG2-2000 99.8 64 2350 2790 1.2 1924
12 PG2-3000 99.9 82 3610 4000 1.1 2950
13 PG3-50 81 113 123 1.1 43
14 PG3-300 63 630 860 1.4 238
15 PG3-1000 45 2440 3140 1.3 930
16 PG3-1500 64 3570 4320 1.2 1359
17 PG3-2000 99.3 65 5000 6040 1.2 1910
18 PG3-3000 99.9 73 7560 13600 1.8 2880

Table 2.2: Conditions and results for the radical polymerization of MG1 Yielding PG1
polymers and PG2 and PG3 via dendronization. aCarried out with MG1 at a concentration
of 1 g mL−1 in DMF at 65°C. bGPC in DMF at 45°C calibrated with poly(methylmethacrylate)
standards. cDetermined by UV-labeling with 1-�uoro-2,4-dinitrobenzene (Sanger's reagent).
AIBN = Azobisisobutyronitrile; CDB = cumyl dithiobenzoate.

minor modi�cations to a previously reported procedure, followed by a divergent ap-

proach involving repeated deprotection/dendronization reactions to obtain a series of

homologous DPs up to the third generation [86]. The chemical characteristics of the

�rst-generation PG1 polymers and their respective second- and third-generation ho-

mologues PG2 and PG3 are listed in table 2.2. This mode of synthesis was chosen in

order to have the least possible impact of the growth reaction on Pn and polydisper-

sity, which allows for systematic and generation-dependent studies. For the two longest

chain lengths in this study, the degrees of structural perfection were determined with

labeling experiments4 [87, 88] to be close to 100% for each step, resulting in an overall

perfection of >99% for PG3.
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2.1.5 UPy-functionalized dendronized polymers

In order to study the e�ect of enhancement of supramolecular interactions on the rhe-

ology of dendronized polymers we decided to functionalize dendronized polymers with

UPy. The synthetic approach towards DPs of generation numbers g = 1− 3 bearing

various fractions of UPy at the g = 1 level is outlined in Scheme 2.5. Reaction of the

known macromonomer 1c16 with tri�uoroacetic acid (TFA) a�orded a statistical mix-

ture of mono- and doubly-deprotected species along with unreacted starting material,

from which the desired product was easily isolated by column chromatography owing

to the vastly di�erent polarities of the involved compounds. Thus, 2a was obtained

on a multi-gram scale (50 � 60% yield from 1c). Subsequently, macromonomer 2b was

quantitatively obtained from 2a in a coupling reaction with CDI-activated 6-methyliso-

cytosine (3), which has been demonstrated in the literature to proceed smoothly with

primary amines. The two synthesized monomers, i.e. 1c bearing two Boc-protected

amines and 2b comprising one Boc and UPy motif each in the side chains, were sub-

jected to radical polymerization as speci�ed in Table 1 to give PG1-Pn-UPy(f).

Here, the terms Pn and (f) in PGg-Pn-UPy(f) denote the approximate degree of

polymerization and the theoretical molar fraction of UPy in the copolymers. Two dif-

ferent polymer series were prepared, i.e. polymers featuring similar degrees of polymer-

ization but varying UPy contents (Entries 1 � 6; Mn ≈ 21 kDa, Pn ≈ 40 as determined

by GPC in DMF) and polymers with larger degrees of polymerization but constant

UPy loading (Entries 7 � 9; Pn ≈ 120, 710, 1200, 25 mol% UPy). These backbone chain

lengths were carefully chosen in order to obtain, on the one hand, short-chained samples

lacking the ability for entanglements and, on the other hand, samples comprising longer

backbone chain lengths in order to capture potential e�ects arising upon the transition

from the oligomeric to the polymeric regime. Higher generation numbers (g = 2, 3;

Entries 10 � 17) were synthesized in a g by g fashion, i.e. by applying the commer-

cially available g = 1 dendronization reagent 1d in a two-step deprotection-coupling.
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Figure 2.5: Synthesis of UPy-functionalized dendronized copolymers. (i) LAH, THF, -10°C;
(ii) MAC, Et3N, CH2Cl2, 0°C; (iii) TFA, CH2Cl2; (iv) 3, Et3N, DMF; (v) AIBN, (CDB),
DMF, 65°C; (vi) TFA, 0°C; (vii) Et3N,DMAP, DMF.
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Polymerizationa GPC analysisc

entry sample method feed (1c:2b) f2b,th (mol%) f b2b,exp (mol%) yeld (%) Mn (kDa) PDI Pn

1 PG1-40-UPy0 RAFT 1:0 0.0 0.0 83 21.4 1.1 41
2 PG1-40-UPy5 RAFT 9:1 5.0 5.5 88 19.3 1.2 37
3 PG1-40-UPy10 RAFT 4:1 10.0 10.1 82 23.2 1.2 43
4 PG1-40-UPy-25 RAFT 1:1 25.0 25.1 80 22.8 1.2 41
5 PG1-40-UPy33 RAFT 1:2 33.3 33.4 92 20.5 1.1 37
6 PG1-40-UPy50 RAFT 0:1 50.0 50.0 87 20.9 1.2 38
7 PG1-100-UPy25 FRT 1:1 25.0 25.2 97 71.5 2.1 130
8 PG1-700-UPy25 FRP 1:1 25.0 25.2 91 390.5 2.0 710
9 PG1-1200-UPy25 FRP 1:1 25.0 25.2 97 668.3 1.7 1200

Dendronizationd GPC analysisc

entry sample coveragee (%) yeld (%) Mn (kDa) PDI Pn

10 PG2-40-UPy0 99.8 72 50 1.1 41
11 PG2-40-UPy5 99.8 70 44 1.1 36
12 PG2-40-UPy25 99.7 69 44 1.2 40
13 PG2-40-UPy50 99.1 70 35 1.2 38
14 PG3-40-UPy0 99.8 81 105 1.1 40
15 PG3-40-UPy5 99.9 77 94 1.1 37
16 PG3-40-UPy25 99.2 85 86 1.2 41
17 PG3-40-UPy50 99.1 78 61 1.2 37

Table 2.3: Conditions and results for the RAFT polymerization of 1c and 2b (see �g-
ure 2.5) yielding PG1-UPy, PG2-UPy and PG3-UPy via Dendronization. aCarried out at
a concentration of 1.0 g mL−1 (Entries 1-6), 0.25 g mL−1 (Entry 7), 0.39 g mL−1 (En-
try 8), and 0.50 g mL−1 (Entry 9) in DMF at 65°C using azobisisobutyronitrile (AIBN)
as an initiator and cumyl dithiobenzoate (CDB) as the chain transfer agent in RAFT.
bDetermined by 1H NMR spectroscopy. cGPC in DMF at 45°C calibrated with poly(methyl
methacrylate) standards.dCarried out at a concentration of 1.0 g mL−1 in DMF at room
temperature.eDetermined by UV-labeling with 1-�uoro-2,4-dinitrobenzene (Sanger's reagent).

The conversion of these postpolymerization dendronization reactions, i.e. the degree of

DP structure perfection, was determined by labeling of possibly unreacted peripheral

amines with 1-�uoro-2,4-dinitrobenzene (Sanger's reagent) and quanti�cation of the re-

sulting absorbance at 357 nm via UV-Vis spectrophotometry. Since the characteristic

absorbance band of UPy is centered around 282 nm, 20 no interference between UPy

and Sanger-labeled sites was assumed. This way, the calculated degrees of structure

perfection exceeded 99% for all g. The rheological characterizations were performed

on selected polymer samples only, which nevertheless allowed for a su�ciently com-

prehensive picture of the role of strong hydrogen bonding units in determining the

mechanical properties of such systems. In the case of the series containing 50 mol%
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UPy, unclari�ed foaming events prevented adequate rheological characterizations.

2.2 Methods

2.2.1 Vacuum compression molding

The polymer systems studied in the present work possess a glass transition temperature

higher than room temperature. At room temperature, ring and linear PS, Cayley-tree

and dendronized polymers have the appearance of �ne powders. A �rst approach to

shape the specimens for rheology is to load the polymer powders directly into the

rheometers at high temperature and allow for melting. However, such a strategy leads

to the formation of air bubbles and sample inhomogeneities which a�ect rheological

measurements. For this reason, we used compression molding under vacuum in order

to prepare proper specimens in a controlled fashion. Vacuum compression molding

consists in pressing the powders above the glass transition temperature in vacuum

atmosphere. The simultaneous application of high pressure and temperature promotes

expulsion of the air contained in the powders and allows for creating homogeneous and

well-shaped specimens. In order to apply vacuum compression molding, we designed

and built a home-made mold. The schematic of such mold is depicted in �gure 2.6.

Vacuum is ensured by an outer chamber which is made of a container and a cap (grey).

The outer chamber is connected to a vacuum pump through a tube of 6 mm diameter.

The container and the cap are sealed together through a rubber airtight o-ring (dark

red). The upper cap and the container are placed between the heated platens of a press.

The inner mold is made of a lower plate (orange) and a drum (cyan), held together by

a hollow cylindrical holder (green). The sample (pink) is loaded in the drum and then,

an upper piston (yellow) is placed on top. The piston is pressed and heated directly

through the cap of the outer chamber whereas the lower plate and drum are pressed

and heated by the bottom part of the container. The pressing action of the piston is

opposed by rubber rings (dark red) placed between the upper piston and the drum.

48 PhD thesis - Salvatore Costanzo



2.2 Methods

Figure 2.6: Schematic of the mold for compression molding in vacuum (dark grey, outer
chamber; light green, inner piston; cyan, drum; orange, lower plate; dark green, drum-plate
holder; pink, sample; red, rubbers).

The purpose of the rubber rings is to avoid excessive pressure on the sample so that

penetration of the material between the drum and the plate is prevented. The mold

is placed in a hydraulic press from Perkin-Elmer (USA) which allows for pressing up

to 10 tons. Moreover, the mold can be heated from room temperature up to 150°C in

about 10 min, with heated platens ATLASTM from SPECAC LTD (UK). After proper

temperature has been reached, few minutes (from 5 to 15) are enough to obtain a

well-shaped, bubble-free sample. The diameter of the inner drum and the piston can

be varied in order to obtain specimens of di�erent diameters. In this work we prepared

specimens with diameters of 4, 6, 8 and 10 mm.

2.2.2 Filament stretching rheometer

The extensional stress measurements described in this thesis were performed at the

Technical University of Denmark (DTU) with a �lament stretching rheometer (FSR)
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Figure 2.7: Schematic of the FSR (yellow, lower plate with force transducer; red, sample;
blue, laser micrometer; green, laser beam; orange, moving plate [74, 76, 89].

[89] (�gure 2.7). In such a rheometer, the sample (red) is placed between two plates.

The lower static plate (yellow) is connected to a force transducer that measures the

transient force F = F (t) acting throughout the sample. The upper moving plate is

driven by a feedback loop so that the stretching rate ε̇H is kept constant in the middle

of the �lament. The transient diameter 2R(t) at the mid�lament plane is monitored by

a laser micrometer (blue). At small deformations during the start-up of elongational

�ow, part of the force comes from the radial variation due to the shear component

of the deformation �eld. This e�ect may be compensated by a correction factor [90].

For large strains, the correction vanishes, and the radial variation of the stress in the

symmetry plane becomes negligible [91]. The Hencky strain εH and the mean value of

the stress di�erence over the mid�lament plane are calculated from R(t) and F (t) as

[92]:

εH(t) = −2 ln
R(t)

R0

(2.2)
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and

〈σzz − σrr〉 =
F (t) − mfg/2

πR2(t)
× 1

1 + [R(t)/R0]
10/3 exp(−Λ3

0)/(3Λ2
0)

(2.3)

where mf is the weight of the �lament, Λ0 is the aspect ratio of the sample, R0 its

initial radius, and g is the gravitational acceleration. A recently updated control scheme

[93] is employed in the FSR to ensure accurate constant stretch rate, ε̇ = dεH/dt. The

extensional stress growth coe�cient is de�ned as η+el = 〈σzz − σrr〉/ε̇. The geometries

consist in stainless steel parallel plates whose diameter can be varied between 10 and

4 mm, according to the quantity of tested sample. Moreover, temperature control is

provided by a convection oven and inert atmosphere by continuous N2 �ow.

2.2.3 ARES rheometer equipped with CPP geometry

All nonlinear shear measurements described in the next chapters were carried out on an

ARES rheometer (TA Instruments, USA) equipped with a force rebalance transducer

(2KFRTN1) and a CPP �xture. Most of samples were tested by using the con�guration

with a diameter of 6 mm for the inner partition. We built also an inner partition with a

diameter of 10 mm. We used both 6 mm and 10 mm partitions to test two PS solutions

in order to extract the �rst and second normal stress di�erences. The bottom geometry

consists of a standard stainless steel cone with an angle of 0.1 rad and a truncation of

51 µm. The CPP geometry can �t into the ARES convection oven, so as to guarantee

a temperature control of ±0.1°C. Inert atmosphere is provided through continuous N2

�ow. Since cone-partitioned-plate rheometry is a relevant part of this work, all details

on the implementation, validation and performance of our homemade CPP are given

in the next dedicated chapter.
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2.2.4 Anton Paar rheometers

Some linear measurements in the present work were carried out on Physica benchtop,

stress-controlled rheometers from Anton Paar (Germany). Particularly, we used the

models MCR502 and MCR702. Temperature control was ensured by a Peltier hood

for the �rst one and by a hybrid controller CTD180 (with water circulation and air

convection) for the second. Inert atmosphere was ensured by continuous N2 �ow.

Most samples were tested with stainless steel, parallel plate geometry (diameters, 8

and 4 mm). The MCR702 is equipped with two stress-controlled motors allowing

for measurements in counter-rotating shear. The main advantage of stress controlled

rheometers is the possibility to perform creep measurements. Conversely, the main

disadvantage is the relatively long time to reach steady γ̇ in transient shear experiments.

2.3 Supplemental information for linear and ring poly-

mers

2.3.1 Shear measurements

Prior to rheological measurements, the polystyene samples were molded into discotic

specimens with diameter of 8 mm and thickness ranging from 300 to 500 µm. To this

end, we used the homemade compression vacuum mold described in section 2.2.1. Lin-

ear PS solutions were molded at 130°C while Linear PS melts and linear/ring blends

at 150°C. Ring PS melts were molded at 140°C as they are more prone to degradation

compared to the respective linear precursors. The pressure applied ranged between 0.2

and 0.4 tons. The annealing time was 15 min for melts, solutions and blends. This in-

terval was su�cient to ensure complete relaxation of the polymer chains after molding.

The temperature range for dynamic linear measurements was between 110 and 170°C.

The temperatures for nonlinear measurements were chosen in such a way that in a

frequency sweep from 0.1 to 100 rad/s we could observe both the terminal �ow and the
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rubbery plateau region [94]. Linear viscoelastic (LVE) measurements were carried out

both with standard 8 mm parallel plates and with the CPP geometry in order to have

a comparison of di�erent geometries. Nonlinear viscoelastic (NLVE) start-up tests at

constant shear rate were performed by using the CPP geometry described in chapter

2. NLVE tests on linear PS133k, PS185k and Lin/Ring PS185k, were carried out at

160°C, NLVE tests on PS285k/2k-47 were performed at 140°C whereas PS285k72k-65,

Linear PS84k, Ring PS84k and Lin/Ring PS84k were tested at 150°C in nonlinear

regime. In order to ensure that shear transients were not in�uenced by edge fracture,

we run frequency sweeps between successive start-up tests and compared them with

the �rst result right after loading. Moreover, we randomly repeated start-up tests at

high shear rates. Fresh samples were loaded when consistency and reproducibility were

found to be beyond experimental error.

2.3.2 Extensional measurements

The protocol used for the preparation of the samples for uniaxial extension is di�er-

ent from that followed in shear. However, this does not a�ect the results because

polystyrene samples do not undergo aging. Before measuring, all samples were dried

in vacuum oven at 55°C for 24h and then molded into cylindrical test specimens with

a �xed radius of either R0 = 2.7 mm or R0 = 4.0 mm. The initial length L0 of the

cylindrical test specimen was controlled by adding an appropriate mass of sample into

the mold. The aspect ratio Λ0 = L0/R0 ranged between 0.48 and 0.59. The samples

were pressed at a temperature in the range of 140-155°C and annealed at the same

temperature under vacuum until the polymer chains were completely relaxed. They

were prestretched to a radius Rp ranging from 1.2 to 3 mm at elevated temperatures,

140-150°C fro PS solutions and 160°C for the PS melts, prior to the extensional experi-

ments. After prestretching, the temperature was decreased to the desired measurement

temperature T for the extensional stress measurements. Temperature was chosen so
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that ε̇τR > 1 when the stretch rate is suitable (typically ε̇ < 1 s−1 for the control

scheme of the FSR [93]. We chose T = 110°C and T = 120°C for the two solutions

PS285k/2k-47 and PS285k/2k-65, respectively, and T = 130°C for the two melts,

PS133k and PS185k. Measurements were carried out in nitrogen atmosphere.

2.4 Supplemental information for Cayley-Tree Poly-

mers

2.4.1 Sample preparation

Prior to molding, the samples were dried in a vacuum oven at 90°C for two to three

days. The materials were then molded into cylindrical test specimens using homemade

vacuum molds (typically, between two Te�on disks). The amount of sample for each

specimen was about 20-40 mg. The materials were pressed at approximately 170°C

(the mold was put in a hot press with applied load of 0.4 tons). This protocol ensured

that the samples were properly annealed. Given the low quantity of samples, the

specimens for both extensional and shear measurements were reused when necessary,

after a rheological test was completed. The recovered sample from the rheometer

was remolded by using the same protocol described above. Possible degradation was

checked before new rheological measurements via reproducibility of LVE measurements

and size exclusion chromatography.

2.4.2 Uniaxial extensional measurements

The extensional stress measurements were performed with a FSR [76, 89, 93]. The

molded specimens had a �xed radius of R0 = 2.7 mm. The initial length L0 of the

cylindrical test specimen was controlled by inserting an appropriate mass of sample

into the mold. The aspect ratio Λ0 = L0/R0 ranged between 0.41 and 0.56. The

samples were prestretched to a radius Rp ranging from 1.2 to 2.4 mm at 180°C prior
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to the extensional experiments. After prestretching, the measurements were carried

out in nitrogen atmosphere at the same temperature. The extensional stress decay

coe�cient is de�ned as η−el = 〈σzz − σrr〉/ε̇, where ε̇ is the strain rate in the start-up

of the �ow.

2.4.3 Simple shear measurements

Measurements were performed in a strain-controlled ARES rheometer (TA instruments,

USA) equipped with a force rebalance transducer (2KFRTN1). Linear and nonlinear

measurements were performed with the homemade CPP �xture described in chapter

3, in order to avoid experimental artifacts associated with edge fracture. Nitrogen �ow

reduced the risk of degradation. The lowest attainable shear rate with this geometry

was 0.01 s−1. Nonlinear start-up tests with sample G3 were carried out at 180°C. The

measurements with the sample G4 at the two lowest shear rates (0.001 and 0.003 s−1)

were performed at 200°C and then shifted to 180°C by using the horizontal shift factor

of the LVE data [50]; measurements at larger rates were performed at 180°C.

2.4.4 BoB modeling

In order to gain a deeper understanding of molecular relaxation mechanisms of Cayley-

trees polymers, we used the BoB model [95�97] to describe rheological properties of

such systems. The modeling of rheological data was carried out by dr. Chinmay Das

at the University of Leeds (UK). Computational rheology [49, 96, 98] follows coupled

relaxation in time of a numerical ensemble of molecules after a small, a�ne, step strain.

For a Cayley-tree molecule, the relaxation starts by arm retraction [47, 99] of the out-

ermost segments with one free end. The relaxed segments act like solvent for the yet

to be relaxed segments [100], and thus coupling the relaxation of all the molecules con-

sidered in the calculation (hierarchical relaxation). The inner segments can only relax
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(by Rouse-like explorations as described below) once the outer segments have relaxed

completely and their relaxation is slowed due to the localized friction at the branch

points (which is accouted for). Hence, inner segments become gradually available for

branch-point withdrawal. The time at which certain part (of inner segment) becomes

available for relaxation is assigned as its stretch relaxation time. Relaxation of such

compound segments that contain one or more localized friction points is described by

a multidimensional �rst-passage problem and it is simpli�ed by considering the por-

tion of this compound arm that can move coherently with the chain end at a given

time and assigning a dynamics to this e�ective pivot point of a compound segment [96].

Speci�cally, when the �rst two generations have relaxed, there are two localized friction

points in the compound arm. We consider that the contour length �uctuations process

in branch retraction is limited to the length available via the above mentioned Rouse

process. In general, the �nal unrelaxed material behaves like a linear polymer and the

terminal relaxation is via reptation. However, for the symmetric molecules considered

here, reptation plays no role. We used a value for the dilution exponent of α = 1 and

branch point hopping parameter p2 = 1/40. Concerning the latter, we note that it is

signi�cantly smaller than the more commonly chosen value of p2 = 1/12 [101, 102],

but this choice was found to simultaneously �t all rheological data of asymmetric star

and other branched polymers [53, 96, 103�105]. Part of the reason for smaller value of

the chosen parameter is because we consider that the friction from a relaxed side-arm

is set by the tube diameter at the time-scale of the branch-point retraction. The exact

numerical value probably is of no great signi�cance. Rather this is a �t parameter

that would have been di�erent, we have made di�erent choices for complete branch

retraction. Note that the default choice in BoB model is to consider branch-point re-

traction only when the chain end visits the origin; in this work, we consider complete

retraction when the chain end reaches 0.15 times the current e�ective tube diameter.

This change was necessary in order to describe both systems with a single value of the
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entanglement molar mass. We have chosen this small value of e�ective entanglements

as the criteria for complete branch-withdrawal to ensure that results for well entangle

polymers remain unchanged.

For reasons still not fully resolved, small side-arms (of the order of one entanglement or

even less than one entanglement) have been found to provide signi�cantly larger friction

compared to expectations from tube theory predictions based on long side-arms [104,

106]. Recent molecular dynamics results also suggest that entanglement constraints at

the branch-points are stronger than those for linear polymers [105]. For this reason,

we have decided not to have a cut-o� function at order of one entanglement like in the

hierarchical model [49, 97]. Having a zero (as in the original BoB model) or a small

value (as in the present work) allows us to predict the rheology of branched polymers

with segment lengths down to the order of one entanglemnt. To predict the nonlinear

�ow response, we resolve the linear relaxation as a set of pom-pom modes.

2.5 Supplemental information for dendronized poly-

mers

2.5.1 Gel permeation chromatography

Gel permeation chromatography (GPC) was performed at ETH Zurich by dr. Thomas

Schweizer and dr. Leon Serc. GPC measurements were conducted on a Malvern VIS-

COTEK GPCmax VE-2001 instrument equipped with two D5000 columns (300× 8.0

mm), refractive index (RI), viscometry (VI) and light scattering (LS; 15°and 90°angles)

detectors. Column oven and detector temperatures were regulated to 45°C. DMF con-

taining LiBr (c = 1 g L−1) was used as the eluent at �ow rate of 1mL min−1, and

the samples were �ltered through syringe �lters with 0.45 µm pore sizes prior to in-

jection. Experimental molar masses (Mn, Mw) and polydispersity values(PDI) of the

synthesized polymers were determined by light scattering using Malvern's OmniSEC

software. Poly(methyl methacrylate) standards with peak molecular weights (Mp) of
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0.10, 0.212, 0.66, 0.981, and 2.73 MDa (Polymer Laboratories Ltd., UK) were used for

calibration. The molecular weight standard closest to the theoretical molecular weight

of the respective polymer was used as reference. It is important to mention that PMMA

is certainly not an appropriate standard because the hydrodynamic volume of each DP

depends on the generation. With larger generation the volume increases. This is to

some degree counteracted by the increase of mass per segment length with increasing

generation. Universal calibration, if possible for such non�exible polymers, might have

improved on the accuracy of the results. In earlier work [107] an e�ort was made to

properly calibrate GPC for DPs using light scattering and classical PG1 as reference.

It was concluded that proper molar mass analysis on higher generation DPs is chal-

lenging largely due to the fact that it is so di�cult to obtain molecularly dispersed

solutions. A detailed light scattering investigation in dilute solutions is the subject of

future work. Given these issues, we believe that the present GPC analysis, which is

in line with earlier works on DPs (e.g., refs [87] and [108]), allows for reliable relative

comparison of di�erent molecular weights.

For the higher-generation, short-chained DPs (Pn = 50, 300) the apparent experimen-

tal molecular weights determined by GPC agree well with the theoretically calculated

ones, whereas the experimentally determined values for the longer backbone lengths

are somewhat smaller by a factor of approximately 1.1. It is known that very large

appendices, such as in dendronized polymers, can result in discrepancies between the-

oretical and experimental molecular weights. These may be explained by the opposing

e�ects of (i) chain thickening, i.e., the polymers mass per repeat unit length being

much larger than the calibration standards leading to an underestimation of molecular

weights, and (ii) chain sti�ening with increasing PG, leading to an overestimation of

hydrodynamic volume and molecular weights, respectively. Notwithstanding, the per-

formed UV-labeling experiments and the fact that GPC elution traces consistently shift

toward shorter retention times with both increasing PG and Pn support the conclusion
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that the conversion obtained in the dendronization reactions is e�ectively 100%.

2.5.2 Thermal analysis

Di�erential scanning calorimetry (DSC) measurements were conducted on a DSC Q1000

from TA Instruments (USA) in a temperature range of -50 to +140°C with a heating

rate of 10°C/ min−1. Dried samples of a total weight ranging between 4 and 25 mg were

weighed into aluminum pans, covered by a punched cap, and analyzed in a nitrogen

atmosphere. The reported glass temperatures (Tg) were taken from the second heating

run.

2.5.3 Rheology

At room temperature classic dendronized polymers have the form of a �ne powder. In

order to load the samples into the rheometer, we shaped them to 4 or 8 mm discoid

specimens by compression molding in vacuum with the homemade mold described in

section 2.2.1. The temperature applied was T = Tg + 5°C, and the pressure ap-

plied was 0.1 ton. The molding procedure was carried out for approximately 5 min,

so that the molding time was negligible with respect to the equilibration time of the

samples. Linear rheological tests were performed with Physica MCR-502 and Phys-

ica MCR-702 rheometers from Anton Paar (Austria). The instruments were equipped

with di�erent devices for temperature control. Particularly, we used an electric hood

for MCR-502 and a hybrid temperature control (Peltier and convection oven) for the

MCR-702 (CTD180 from Anton Paar). Inert atmosphere was ensured during all the

tests with nitrogen �ow in order to prevent sample degradation. The temperature

calibration of the two instruments was checked by measuring the actual temperature

values with an external thermocouple (type K). Slight di�erences were found among

the used instruments. Small horizontal shifts were applied to the linear viscoelastic
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master curves in order to account for the di�erent thermal calibration of the rheome-

ters. Parallel plate geometries (stainless steel) of 4 and 8 mm diameter were utilized

for the linear tests. Nonlinear shear measurements were performed with the CPP setup

described in chapter 2, in order to prevent artifacts caused by �ow instabilities, i.e.,

edge fracture. In order to investigate the linear rheological behavior of some of the

samples in the low-frequency regime, we carried out creep experiments (on Physica

702) and converted the creep compliance, J(t), into the dynamic moduli, G′(ω) and

G′′(ω). Creep experiments were performed at the highest experimentally accessible

temperature for dynamic measurements. The J(t) function was converted into G′(ω))

and G′′(ω) by means of NLReg software, based on a generalization of the Tikhonov

regularization method [109]. This is a well-known ill-de�ned problem since the calcu-

lation of relaxation spectra is not unique, but with this method we obtain consistent

and reliable results.

2.5.4 X-ray scattering

X-ray scattering measurements were performed at the Max Planck Institute in Mainz

by prof. George Floudas, using Cu Kα radiation (Rigaku Micro Max 007 X-ray gen-

erator (Japan), Osmic Confocal Max-Flux curved multilayer optics). Oriented �bers

of 1.0 mm diameter were prepared by a miniextruder. Despite the extrusion process,

the di�raction patterns where nearly isotropic, suggesting correlations of short-range

order. Wide-angle X-ray scattering (WAXS) measurements were made with a sample-

to-detector distance of 35 cm using a Mar345 detector. Intensity distributions as a

function of the modulus of the scattering vector, q = (4π/λ) sin(2θ/2), where 2θ is the

scattering angle, were obtained by radial averaging.
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2.5.5 Simulations

Simulations on dendronized polymers were performed by prof. Martin Kröger at ETH,

Zurich.

Coarse-grained melt packing model

To calculate inter- and intramolecular distance between hydrogen bonding donor-

acceptor pairs, π−π stacking benzene-benzene pair histograms, and the volume fraction

pro�le of locally cylindrical PGs with respect to their backbones, a growth model was

adopted and extended [110]. In brief, within this model all ng = 4 + 7
∑g

k=1 2k =

2(7×2g−5) united atoms making the skeleton of each g-generation dendron (featuring

2g − 1 benzene rings) are modeled as hard spheres of diameter d = 0.14 nm. Each

randomly (via Monte Carlo) generated con�guration without overlap is equally likely.

Temperature does not enter the model due to the hard sphere interactions; hence, there

is no need for annealing by molecular dynamics or additional Monte Carlo. At start-up

we set W = 1. This quantity will become the probability of the con�guration to be

generated. At each bond creation or growth attempt we considered a �nite number of

k = 20 orientations drawn from an isotropic distribution of unit (bond) vectors and

identi�ed the subset of s ≤ k growth moves without immediate overlap. From this

subset we choose randomly and multiply the probability of the con�guration by its

Rosenbluth weight, W → W/s. If s = 0, the whole con�guration is discarded. Using

Pn = 50, the root atoms of the DP side chains are placed equidistantly separated

by a distance δ = 0.25 nm along a straight line in x-direction, subject to periodic

boundary conditions. All bonds between united atoms are of equal length (b = 0.2

nm) and oriented freely, subject to excluded volume interactions. All bonds are placed

(i.e., e�ectively grafted) in successive, but random, orientational order (with respect

to the backbone axis), taking into account a branching event following each seventh
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linear growth step. In any event, a new bond is formed at random orientation subject

to excluded volume constraints. In this way, we grow a PG free of defects and over-

laps (bond- and generation-wise). In marked contrast to the original model, we use

a simulation box with hexagonal cross section of perimeter 6∆ in the yz-plane that

contains the PG-g on its Pnδ-long centerline. Interactions between a PG-g and its

own periodic image in y- and z-directions are denoted as intermolecular interactions.

The hexagonal arrangement serves to represent the situation encountered locally in a

melt, and we choose the size ∆ so that the overall volume fraction ϕ is a constant,

independent of g. To be speci�c, ∆ = 3(πd3ng/ϕδ)
1/2, with ϕ = 0.13. Averages are

sampled from 107 independent con�gurations obtained in this way. Results are quali-

tatively una�ected by the precise choice of ϕ and d as long as (i) the size of a dendron

exceeds δ by far, (ii) excluded volume interactions severely hinder the free growth, and

(iii) the maximum generation is close to the known gmax ≈ 7[58, 86, 88]. In light of

Flory-theoretical calculations for dendronized polymers, the quantities δ, b, and ϕ are

chosen to approximately reproduce the maximum, minimum, and random walk size

of a g-generation strand of the simulated dendrimer, respectively. For ∆ = ∞, the

original model is recovered [110]. Each dendron contains 2g+1 − 2 hydrogen-bonding

donors (NH groups) and 2g+2−2 acceptors (O atoms). The volume fraction pro�les are

obtained from so-called unfolded coordinates that reveal the conformation of a single

PG in the melt. Volume fraction pro�les calculated using folded coordinates are �at

(not shown) [86, 88].

Local orientational order in the melt

The molten PG sample consists of linear, thick dendronized polymers that can be char-

acterized by their mean thickness D, persistence length lp, and contour length L or

length-to-width ratio n = L/D. The persistence length of the backbone is de�ned by

the tangent-tangent correlation function at bond distance. The e�ective persistence
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length of the DP backbone had been mainly studied in theoretical works so far, and it

probably depends on concentration and tends to decrease with increasing concentra-

tion. Direct determination of the persistence length requires single chain scattering or

visualization of single DPs in the melt. To our knowledge both had not been achieved

so far. The state-of-the-art concerning persistence length of neutral DPs in solution

has been summarized by some of us in footnote 24 of ref [86] (for a third-generation

DP, the theoretical value of the persistence length is about 50 nm). To study the e�ect

of Pn on the local orientational order of the dendronized polymers, we investigate a

classical model polymer melt made of semi�exible chains with Na segments, each via

a hybrid Monte Carlo/molecular dynamics scheme, [111] and calculate the bond-bond

orientational order parameter as a function of the distance between bonds. To this

end, we generate samples with 1000 semi�exible chains contained in a cubic simula-

tion box with periodic boundary conditions for systems with varying bending sti�ness

K ∈ [1, 20] and n = 3, 4, ..., 20 under conventional melt conditions [112]. Results for (i)

the bond-bond orientational order parameter for pairs of bonds separated by a given

distance in space (cf. caption of Figure 6.10), (ii) persistence length from intramolecu-

lar bond-bond correlations (as expected, we �nd lp ≈ KD), and (iii) bead-bead radial

pair-correlation function g(r) are obtained by averaging over 100 independent samples

for each (Na,K) pair of parameters. We note that the used picture of semi�exible

chains here is too simplistic, but this does not change the message from the simulation

results.
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2.6 Supplemental information for UPy-functionalized

dendronized polymers

2.6.1 Gel Permeation Chromatography

Gel permeation chromatography measurements were carried out by dr. Leon F. Serc

at ETH, Zurich. (GPC) using DMF containing LiBr (c = 1 g L−1) as the eluent was

performed on a VISCOTEK GPCmax VE-2001 instrument (Malvern, UK ) equipped

with D5000 columns (300×8.0 mm), refractive index (RI), viscometry (di�erential pres-

sure) and light scattering (LS; 15°and 90°angles) detectors. Column oven and detector

temperatures were regulated to 45°C. All samples were �ltered through 0.45 µm PTFE

syringe �lters (Macherey-Nagel, Germany) prior to injection and the �ow rate was 1

mL min−1. Poly(methyl methacrylate) standards with peak molecular weights (Mp) of

0.10, 0.212, 0.66, 0.981 and 2.73 MDa (Polymer Laboratories Ltd., UK) were used for

calibration. Experimental molar masses (Mn, Mw) and polydispersity values (PDI) of

the synthesized polymers were determined by light scattering using the commercially

available OmniSEC software (Malvern, UK).

2.6.2 Thermal Analysis

thermal analysis measurements were carried out by dr. Leon F. Serc at ETH, Zurich.

Di�erential scanning calorimetry (DSC) measurements were conducted on a DSC Q1000

(TA Instruments, USA) over a temperature range from -90 °C to 250 °C in a nitrogen

atmosphere. Approximately 4 � 25 mg of dried sample was weighed into an aluminum

DSC pan and covered with a punched cap. The samples were subjected to ≥2 heat-

ing/cooling cycles with a linear heating/cooling rate of 10 °C min−1. The glass tran-

sition temperatures (Tg) were determined from the second heating runs and analyzed

using the commercially available Universal Analysis software (TA Instruments, USA).
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2.6.3 Rheology

Annealing of the samples

In order to avoid ageing e�ects, we pre-annealed the samples in a vacuum oven at

100 °C for 8 days. After pre-annealing, the sample were cooled down and stored

in vacuum at room temperature. Brittleness of the materials below glass temperature

hindered vacuum compression molding at high temperature to shape the samples to disc

specimens for rheological measurements. For this reason, the annealed powders were

cold-pressed to disc-shaped capsules using vacuum molding at room temperature. The

capsules were loaded into the rheometer and allowed for melting and homogenization

at Tg+50°C for 20 minutes. Successively, the temperature was lowered to Tg+30°C and

rheological measurements were started. Whenever possible, the leftovers coming from

�lament breaking in nonlinear extension or fracture in nonlinear shear, were recycled

and cold-pressed to new specimens. Possible degradation was checked in simple shear

before each nonlinear measurement by performing frequency sweeps in linear regime

and checking overlap with previous data. For uniaxial extension, possible degradation

was checked by verifying reproducibility of the transient measurements and consistency

with data at di�erent stretching rates.

Simple shear

Linear measurements were performed on a Physica MCR702 (Anton Paar, Germany),

equipped with a hybrid temperature control (CTD180) and on an ARES rheometer

(TA, USA) equipped with a convection oven. Linear measurements were carried out

with 8 mm and 4 mm parallel plate geometries. The samples were cold pressed to disc-

shaped specimens of the proper diameter and allowed for melting into the rheometer.

Nonlinear shear measurements were performed with a homemade cone-partitioned plate

geometry to prevent artefacts from edge fracture instability [92] (see chapter 2). The
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temperature for nonlinear shear was chosen as Tg + 45°C for all the samples apart from

PG1-50.

Uniaxial extension

Extensional measurements were performed at DTU on a �lament stretching rheome-

ter (Rheo�lament, USA), described in section 2.2.2. The specimens were formed to

cylinders of 6mm diameter by means of cold-pressing. Nonlinear extensional measure-

ments on the samples investigated were performed at Tg + 29°C. The aspect ratio of

the samples ranged from 2.2 to 2.9.
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Chapter 3

CONE-PARTITIONED PLATE

RHEOMETRY

3.1 Introduction

One of the most interesting features of polymer systems undergoing nonlinear shear is

their ability to develop normal stresses in orthogonal directions with respect to that of

motion. As discussed in section 1.4, normal stresses induce a variety of �ow instabilities

which are relevant for polymer processing. Therefore, a complete characterization of

the �ow behavior of a speci�c polymer system should provide the dependence of all the

viscometric functions, namely viscosity η, �rst and second normal stress di�erences,

N1 and N2, upon shear rate γ̇. As the rise of normal stresses in liquids undergoing

shear is a second-order e�ect, normal stress di�erences are usually presented in terms

of normal stress coe�cients, Ψ1 = N1/γ̇
2 and Ψ2 = N2/γ̇

2. Such functions can be

determined from transient start-up experiments in rotational shear rheometers. How-

ever, obtaining reliable data in strong rotational �ows is not trivial because of the

aforementioned instabilities. Above all, edge fracture is the most serious problem hin-

dering correct measurements in shear because it is harder to control. The onset of

fracture creates voids into the measurement volume and induces underestimation of

viscosity and normal stresses. The larger the fracture, the larger is the error in eval-

uating η, N1 and N2. As pointed out in section 1.5, a good strategy to overcome this
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issue is to use a cone-partitioned plate (CPP) geometry. Such geometry restricts the

measuring volume to the inner part of the sample so that edge phenomena do not

a�ect the measurements. However, CPP geometry with single partition can provide

reliable measurements only for viscosity. In modern rotational rheometers, N1 can be

direcly accessed by means of axial transducers. The value of N1 read from rheometers

equipped with CPP geometry is an apparent one (Napp) because of the contribution

to the normal stress distribution coming from the outer non-measured sample. Such

contribution causes an overestimation of N1 that can exceed the true value by a factor

larger than 2. As a further complication, N2 measurements cannot be performed di-

rectly or in a straightforward manner. Di�erent methods have been used to determine

N2. The second normal stress di�erence can be determined by measuring the free sur-

face shape of �uids �owing down a semicircular channel [113], or with �ow birefringence

experiments [114]. Concerning rotational rheometry, the most e�ective methods are

based on the evaluation of the normal stress distribution in cone-plate (CP) or parallel

plate (PP) geometries, starting from the equations of motion for liquids [31, 115, 116].

Normal stresses distributions can be obtained with two types of di�erent techniques.

The �rst approach is to �ush-mount transducers on the plate at di�erent radii of the

sample [117]. The second approach is to measure the total normal force acting on

partitions of the plate with di�erent radii [33]. Both methods involve the use of CP

geometry rather than PP, as the shear rate γ̇ in the former con�guration, is constant

throughout the gap. In this chapter we introduce the theory of the CP geometry and

present the mathematical tools to evaluate N1 and N2 therein. Then, a short review

of the development of the cone-partitioned plate geometry and the methods used to

determine N1 and N2 is presented. Finally, we report on our homemade CPP setup

for ARES rheometer. Moreover, we propose a simple method to evaluate N1 and N2

for polystyrene solutions at high temperatures by using our CPP setup.
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3.2 Theory

3.2.1 Velocity pro�le in cone-plate geometry

In cone-plate geometry the velocity gradient, ∂v/∂h is constant throughout the gap

[10] (with h being the distance between cone and plate). In order to demonstrate this,

let us consider a cone and plate geometry with cone angle dθ, as shown in �gure 3.1.

Let Ω be the angular velocity of the moving cone. The tangential velocity v = v(r) of

Figure 3.1: Cone-plate geometry.

the cone at radius r is given by:

v(r) = Ωr (3.1)

Considering no-slip boundary conditions, v(r) is also the velocity of the �rst layer of

�uid in contact with the cone at radius r. The gap h(r) at radius r is given by:

h = (r + dr) sin(dθ) (3.2)

by solving the equation of motion for simple shear in spherical coordinates, one obtains

that the velocity pro�le is linear [8]. Therefore, the velocity gradient is:

γ̇ =
∂v

∂h
=

v

h
=

Ωr

(r + dr) sin(dθ)
(3.3)
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In the limit case of very small angles we can approximate sin(dθ) with θ. With an

angle of 0.1 rad, such approximation yields an error smaller than 0.2%. Moreover, we

note that r = (r+dr) cos(dθ). With dθ= 0.1 rad, the value of cos(dθ)=0.995, therefore

the di�erence between r + dr and r is negligible with an error of 0.5%. Considering

such approximations we can write:

γ̇ =
v

h
=

Ωr

(r + dr) sin(dθ)
≈ Ωr

rdθ
=

Ω

dθ
(3.4)

Equation (3.4) states that the velocity gradient in cone and plate geometry is inde-

pendent of the radius. Moreover, when Ω is �xed, the velocity gradient γ̇ is constant

throughout the gap. Since the viscometric functions η, N1 and N2 depend on the

velocity gradient, in cone and plate geometry such functions are independent on the

radial position. This makes cone and plate geometry the best geometry for nonlinear

measurements. A more rigorous mathematical demonstration of equation3.4 is possible

through the equation of motion [10]. However, this is beyond the scope of this thesis.

3.2.2 Viscometric functions in cone-plate geometry

The cone-partitioned plate geometry is a very useful tool for rheological measurements

insofar as it allows for measuring all the viscometric functions in a reliable fashion

by means of rotational rheometry. While the viscosity at a single shear rate can be

directly measured in a transient start-up shear experiment, the �rst and second nor-

mal stress di�erences can be obtained from multiple measurements with a single CPP

or from a single start-up shear experiment with a CPP cell with two partitions [33].

Measurements of N1 and N2 are obtained based on the radial normal stress distribu-

tion calculated from the momentum equation. In order to derive the normal stress

distribution let us consider the motion of �uid into CP geometry descibed in spher-

ical coordinates (�gure 1.10). From the radial component of the equation of motion

in spherical coordinates, neglecting the centrifugal force term −ρv2φ/r (where ρ is the
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density and vφ the velocity in φ direction) we obtain:

0 = −∂p
∂r
− 1

r2
∂

∂r

(
r2τrr

)
+
τθθ + τφφ

r
(3.5)

Where p is the scalar isotropic pressure and τθθ and τφφ are normal stresses acting

in θ and φ directions, respectively. Note that all the components of the stress tensor

are constant with r because viscometric functions η, Ψ1 and Ψ2 depend only on γ̇

which is constant over r in cone partitioned plate geometry (as shown in section 3.2.1).

Therefore we have:
1

r2
∂

∂r

(
r2τrr

)
=

2τrr
r

(3.6)

Inserting equation (3.6) in equation (3.5) we obtain the following:

r
∂p

∂r
= τθθ + τφφ − 2τrr (3.7)

which can be rewritten as:

∂p

∂ ln(r)
= τθθ + τφφ − 2τrr (3.8)

The global stress tensor is equal to σ = pδ + τ where δ is the unit tensor and τ is

the deviatoric component of the stress tensor. Therefore, σθθ = p + τθθ. Since τθθ is

constant, we have:
∂p

∂ ln(r)
=

∂σθθ
∂ ln(r)

(3.9)

The stress component σθθ can be measured on the plate (θ = π/2). The stress at

the edge of the plate σrr(R) can be related to the atmospheric pressure pa through a

normal stress balance at the rim of the sample (r = R). Assuming that the rim of the

sample is spherical, we have σrr(R) = pa. Here, we consider the compression stresses

to be positive, and we de�ne the second normal stress coe�cient as follows:
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Ψ2 = Ψ2(R) = [σrr(R)− σθθ(R)] /γ̇2 = [pa − σθθ(R)] /γ̇2 (3.10)

Note that Ψ2 de�ned in equation (3.10) has opposite sign with respect to the def-

inition given in section 1.4 because of the di�erent convention on the sign of tensile

stresses. Ψ2 is constant over r and equal to its value at r = R. From equation (3.10)

we have the following:

σθθ(R) = pa −Ψ2γ̇
2 (3.11)

Inserting equation (3.9) in (3.8) we have:

∂σθθ
∂ ln(r)

= τθθ + τφφ − 2τrr (3.12)

Consistently with the convention used for the de�nition of Ψ2 in equation (3.11), we

de�ne the �rst normal stress di�erence as Ψ1 = τθθ− τφφ. The second term of equation

(3.11) can be reformulated as follows:

τθθ + τφφ − 2τrr = 2τθθ − τθθ + τφφ − 2τrr =

= −(τθθ − τφφ)− 2(τrr − τθθ) = −(Ψ1 + 2Ψ2)γ̇
2

(3.13)

Inserting equation (3.13) in (3.12) we obtain the following:

∂σθθ
∂ ln r

= −(Ψ1 + 2Ψ2)γ̇
2 (3.14)

Equation (3.14) can be integrated directly between R and r and yield:

σθθ(r)− σθθ(R) = −(Ψ1 + 2Ψ2)γ̇
2 ln
( r
R

)
(3.15)

Inserting (3.10) in (3.16) we obtain:
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σθθ(r) = pa −Ψ2γ̇
2 − (Ψ1 + 2Ψ2)γ̇

2 ln
( r
R

)
(3.16)

Equation (3.16) gives the pressure distribution on the plate of the cone-plate ge-

ometry. Such equation can be integrated between 0 and R to yield:

Ψ1 =
2F

πR2γ̇2
(3.17)

Where F is the total thrust on the plate without the contribution of the atmospheric

pressure pa. If we select a value of the radius internal to the volume of the sample, Ri

such that 0 < Ri < R, then the integration yields the following equation [31, 116]:

Napp =
2Fi
πR2

i

= N1 + 2(N1 + 2N2) ln

(
R

Ri

)
(3.18)

Where N1 = Ψ1γ̇
2, N2 = Ψ2γ̇

2 and Fi is the normal force exerted on the plate with

radius Ri. Equation (3.18) provides the means to determine N1 and N2 (or corre-

spondingly, Ψ1 and Ψ2) in rotational rheometers with cone and plate �xture. However,

several assumptions have been made to derive it [10]: we have neglected the �uid iner-

tia and viscous heating and assumed spherical surface at the edge. If now the apparent

normal force as a function of the logarithm of R/Ri is known, one can obtain both the

�rst and second normal stress di�erences, as shown in �gure 3.2. The apparent normal

force is a quantity which can be directly obtained experimentally as all modern rota-

tional rheometers possess normal transducers. In order to determine Napp as function

of ln(R/Ri), two di�erent approaches can be followed. One can �x Ri by �xing the in-

ner partition and vary the outer radius of the sample, R. This is an easy-to-implement

approach as only one CPP setup with single measuring partition is needed. One can

load samples of di�erent masses so that di�erent outer diameters will be reached after
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Figure 3.2: Graphical representation of the working equation of CPP geometry to detect
N1 and N2.

loading, according to the following equation [116]:

R = 3

√
3m

2πρθ
(3.19)

where m is the mass of the sample, ρ is the density and θ is the cone angle. The second

approach is to use the same R and detect the apparent normal force at di�erent Ri (at

least two values). This technique requires more sophisticated setups compared to the

�rst approach. On the other hand, the �rst approach requires multiple measurements

for each shear rate, mainly because of the error between the calculated value of R from

equation (3.19) and the actual one. In the second procedure, such an error is minimized

and N1 and N2 can be obtained with a single measurement by using a cell with two

measuring partitions, [33] or with two measurements by using two CPP setups with one

measuring partition having di�erent inner radius (this work). In the following sections

we discuss the advantages and disadvantages of both approaches and we present some

experimental data obtained by using the second approach with two CPP setups.
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3.3 Historical overview of CPP geometry

As already mentioned, �rst and second normal stress di�erences are di�cult to measure

in rotational rheometry because of edge fracture. Evidence of edge fracture instability

in shear �ows was �rst reported by the early work of Pollett [30, 118], Tanner and

Keentok [29] and Keentok and Xue [26]. Tanner and Keentok established a correlation

between the magnitude of N2, the surface tension and the amplitude of the fracture.

The �rst attempt to overcome the edge fracture issue in rotational rheometers was

done by Meissner et al. in 1989 [31]. They modi�ed a commercial RMS800 rotational

rheometer and equipped it with a CPP �xture to measure the viscometric functions

of LDPE samples. In order to extract N2, Meissner used equation (3.18) with a �xed

inner radius of 6 mm and varying the outer radius R. This procedure involves multiple

measurements for each shear rate. The outer radius is estimated from the mass of the

sample according to equation 3.19. The same method was used by Schweizer in 2002

[116], in order to measure the viscometric functions of a polystyrene melt (Mw=158k)

[116]. Later, Schweizer used this approach to measure also a polystyrene melt with

Mw=200k [119]. In this case, the inner radius was reduced to 4mm to avoid early

overload of the axial transducer of the instrument. Apart from overloading issues,

Schweizer also studied the problems related with the axial compliance of the instrument

[120]. He found out that axial compliance induces delays in the axial force signal of

rotational rheometers. Since axial compliance cannot be completely eliminated, delays

a�ecting the N1 signal are always present, therefore reliable data are restricted to the

steady state values of normal force. In order to reduce axial compliance and increase the

normal force maximum load, Schweizer and coworkers built up a homemade rheometer

(MTR 25) with normal force capacity of 25kg and large axial sti�ness of 107 N/m

[121]. The MTR 25 had another important characteristic: by means of two axial

transducers it detects normal force both on the inner and outer partition. This allows
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to determine N1 and N2 simultaneously in a single start-up experiment. Such strategy

was �rst implemented by Pollett [30] and it has the main drawback that the part of the

sample on the outer partition (and consequently the measurements) is a�ected by edge

fracture. Moreover, MTR 25 requires large quantities of samples as the outer radius

is around 10-15 mm. The design was improved and downsized with the CPP3 cell

of Schweizer et al. [33]. Such a cell was designed to �t MCR502 rheometers and has

three partitions (�gure 3.3). Schweizer's CPP3 consists in an inner measuring partition

Figure 3.3: Schematic representation of Schweizer's CPP3 setup. The lower plate is made
of an inner 6mm partition connected to transducer 1 (light grey), an outer ring connected to
transducer 2 (green), and an outer nonmeasuring ring (grey).

with radius R1, an outer measuring ring with diameter R2 and an outer non-measuring

partition to prevent edge fracture. The working principle is similar to that of MRT25:

the outer radius is �xed and the distribution of normal stresses are integrated over two

radii. The N1 and N2 signals are obtained by reiterating equation (3.18) on the two

partition with �xed outer radius:

Napp,1 =
2F1

πR2
1

= N1 + 2(N1 +N2) ln

(
R

R1

)
(3.20)

Napp,2 =
2(F1 + F2)

πR2
2

= N1 + 2(N1 +N2) ln

(
R

R2

)
(3.21)

In equations (3.20)-(3.21) the geometrical parameters are known as well as Napp,1

and Napp,2 which are the apparent normal forces detected on partition 1 and 1+2, re-
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spectively. The only two unknowns are N1 and N2 which can be easily determined.

One of the disadvantages of the CPP3 cell is the temperature control which is made

by �lm heaters [33]. These devices can create large thermal gradients into the sample

and cannot exceed 110°C. Moreover, the CPP3 requires multiple controllers for the

di�erent heaters and a post-processing of the data obtained from the cell transducers

to reduce signal noise. Such limitations are not present in the simple CPP of Meissner.

Snijkers et al. [94] came-up with a CPP setup on the ARES rheometer. The design is

similar to that of Meissner but an extension of the convection oven of ARES rheometer

is needed to achieve good thermal control. Such design is a good tool for obtaining

reliable viscosity measurements but cannot determine all the viscometric functions. A

similar setup was also used on ARES rheometer by Ravindranath and Wang [122]. The

setup of Snijkers was improved with our CPP setup which represents the state-of-the-

art for CPP rheometry with single measuring partition. It is worth mentioning that at

the moment, two commercial version of CPP setups are available from TA instruments

(USA) on ARES rheometer and from Anton Paar (Austria) on Physica MCR702.

Other techniques have also been adopted to determine N1 and N2 on rotational rheome-

ters. One approach involves determining the normal stress distribution as a function

of the radius with the use of small transducer mounted at di�erent radii of the mea-

suring plate [117, 123, 124]. Another approach is to use a combination of parallel plate

and cone and plate experiments [125] or adopt optical method based on birefringence

experiments [114]. The direct evaluation of the pressure distribution on the plate is a

reliable method for determining N2 but it requires larger quantities of samples com-

pared to CPP3 cell as the �ush-mounted transducers have to be spaced enough from

each other and the radius of the sample has to be at least 10 mm. Moreover, such

�ush-mounted transducers cannot operate at very high temperatures.
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3.4 Homemade CPP setup

Figure 3.4(a) shows a schematic of our homemade CPP setup. The bottom cone is

attached to the motor of the ARES rheometer. For measuring polymer melts and

solutions we used a standard cone with a diameter of 25mm and a cone angle θ = 0.1

rad/s. Such a value of θ represents a good compromise between the necessity of reducing

axial compliance [120] and that of preventing edge fracture [33]. Indeed, normal forces

originating in strong start-up shear tend to push the tools apart, resulting in a squeeze

�ow which occurs over a characteristic time scale ta = (6πRη)/Kaθ
3 (with R being the

radius of the sample, η the viscosity, Ka the axial sti�ness) [120]. The squeeze-�ow

delays the normal force signal by a time which scales linearly with ta.

(a) (b)

Figure 3.4: a) Schematic of the CPP setup (green, bottom cone; red, sample; grey, inner
shaft; blue, outer partition; orange, hollow bridge; yellow, translation stages). b) Photo of
the homemade setup.

Therefore, the larger θ, the smaller is ta, the smaller the delay of the normal force

signal. On the other hand, larger cone implies larger gap at the edge of the sample.
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Such a condition enhances edge fracture. The inner partition is a homemade stainless-

steel parallel plate with a diameter of 6mm. The inner shaft is slender compared to

standard tools for ARES rheometers. The reason for this choice is to provide enough

space around the shaft to house the outer partition so that the geometry can �t into

the ARES convection oven. The outer partition is a non-measuring ring with an inner

diameter of 6.2 mm and an outer diameter of 15 mm. The outer partition is attached

to a hollow bridge by means of a horizontal translation stage. The outer partition and

the translation stage are �xed together with three screws. The translation stage is

attached to the hollow bridge through three tap bolts. The holes into the translation

stages are 0.5 mm larger than the diameter of the tap bolts. The tap bolts can be

loosened so that the translation stage is free to translate on the plane parallel to the

shaft direction. This serves to make the outer partition concentric with the shaft. After

the outer partition is aligned concentrically with the shaft, the tap bolts are tightened

to block translation. To help with the alignment process, the translation of the outer

partition is guided by means of an outer corona with three screws that press around the

stage (not shown in �gure 3.4 for clarity). The hollow bridge possess two cylindrical

attachments at the edge (yellow). These cylinders slide into the holes of the rheometer

head and are �xed by means of through screws. In order to perform the alignment, we

perform the following operations:

1. the inner shaft is mounted at the top while a parallel plate (with a diameter of

25-50 mm) is attached at the bottom.

2. the gap is zeroed.

3. the upper stage is raised to the top position and the bridge with the outer par-

tition is inserted into the head.

4. the upper stage is brought back to the zero position and the hollow bridge is

allowed for sliding down until it seats on the bottom plate together with the
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inner shaft.

5. the hollow bridge is blocked into the upper stage.

6. the stage is raised and the translation stage on the hollow bridge is loosened

and translated in order to achieve concentricity of the inner shaft and the outer

partition. This operation is carried out with the help of a small mirror.

7. the translation stage is blocked and vertical alignment is re-checked by verify-

ing the zero position of the whole geometry. If the zero is within 5 µm from

the previous one, the alignment is accepted otherwise, the whole operation is

repeated.

Once the geometry is mounted and aligned, the samples have to be centered on the

bottom cone. Samples with a diameter d = 8 mm are generally prepared for an inner

partition with d = 6 mm. Hence, there is the problem of properly centering a discotic

specimen with d = 8 mm on a cone with d = 25 mm. This is done with the help of

centering tools, as illustrated in �gure 3.5.

Figure 3.5: Schematic of centering tool for our CPP setup.
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3.5 Validation of the homemade CPP

The homemade CPP setup described in section 3.4 was tested and compared with

other geometries both in LVE and NLVE measurements. Figure 3.6 shows an example

of such comparison.

Figure 3.6: a) Mastercurves of PS133k at 150°C and b) Mastercurves of PS185k at 130°C

Figure 3.6.a shows the mastercurves of a polystyrene (PS) melt with Mw=133k at

the reference temperature of 150°C while �gure 3.6.b shows the mastercurves of a PS

melt with Mw=185k at Tref=130°C. In both cases, data displayed with blue symbols

have been obtained with a standard parallel plate geometry with a diameter of 8mm

(PP8) whereas the data displayed with red symbols have been collected by using our
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homemade CPP geometry (CPP6). The excellent agreement between the datasets from

the two geometries provides a convincing proof of the reliability of our CPP in the LVE

regime. Small vertical discrepancies are due to slight over�lling of the CPP geometry:

part of the sample unavoidably penetrates into the gap between the inner and the

outer partition, creating extra friction which a�ects torque measurements. However,

if the loading is performed correctly (by gradually squeezing the sample between the

cone and plate, allowing it for relaxation while the proper gap value is attained), the

amount of sample penetrating into the gap is minimal and its contribution to the

torque negligible. In this respect, the loading should be discarded when linear data

measured with the CPP are larger by 10% with respect to measurements with standard

geometries. Minimal horizontal shifts can be attributed to slight di�erences in the

thermal inertia of the two geometries. In order to prove the performance of our CPP in

the NLVE regime, we tested it against the prototype of the commercial CPP from Anton

Paar. Figure 3.7 shows the comparison between nonlinear measurements on PS71k

obtained with our setup (grey symbols) and the CPP from Anton Paar (red symbols).

Shear rates are indicated in the legend. The excellent agreement between NLVE data

from two di�erent setups mounted on two di�erent rheometers con�rms the reliability

of our homemade setup in measuring viscosity in start-up shear. Discrepancies at early

times are due to the fact that the Physica MCR702 is a stress controlled rheometer and

requires more time to reach steady state of γ̇ compared to ARES. In this regard, the use

of the strain-controlled ARES rheometer constitutes an advantage because it allows to

collect reliable data starting from shorter times with respect to the MCR702. Another

disadvantage of the CPP for the MCR702, compared to our setup is the fact that the

inner partition has a diameter of 8 mm, thus requiring larger quantities of sample. On

the other hand, MCR702 has a maximum normal force load of 5 kg which, compared

to the maximum load of the ARES (2 kg), allows for measuring larger normal stresses.
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Figure 3.7: PS71k measured at 140°C; (a), transient viscosity; (b), transient stress (Shear
rates from top to bottom [s−1] = 0.562, 1, 1.78, 3.16, 5.62, 10, 17.8; grey symbols, homemade
CPP; red symbols, commercial CPP from Anton Paar).
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3.6 Measuring normal stress di�erences with two CPP

partitions

Schweizer's CPP3 cell has limitations with temperature control. As mentioned before,

the temperature cannot exceed 110°C and a long time is required for the equilibration

of the whole cell (in the order of 3 hours at 80°C). Moreover, thermal gradients persist

in the setup and in the sample even after the equilibration. On the other hand, such

a cell has the advantage of direct measurement of normal stresses at two di�erent

radii of the sample in a single measurement. We did a modi�cation of our homemade

CPP setup in order to take advantage of the direct measurement of normal stresses

at di�erent radii while keeping good temperature control. Our CPP setup is modular:

the inner shaft can be easily replaced as well as the outer partition (see photos in �gure

3.8(bottom)). Therefore we made another inner shaft that has a 10 mm diameter and

a corresponding outer partition with an inner diameter of 10.15 mm (CPP10). The

outer partitions of CPP6 and CPP10 setups have the same outer diameter and they

can be attached to the hollow bridge by means of the same translation stage. Such a

setup is schematically depicted in �gure 3.8(top). The setup with two partitions mimics

the functioning principle of Schweizer's setup and it is based on the same equations

(3.20-3.21). However, in order to get the two signals of Napp,1 and Napp,2 we need

to run two measurements instead of one. The advantage is that the thermal control

and stability is ensured from the convection oven of the ARES and measurements are

accurate even at high temperatures. Disadvantages related to the particular instrument

used (ARES) are the maximum normal force capacity (max. 2kg) and the noise of the

signal of the normal force. This restricts detection of N1 and N2 to a narrow range

of shear rates. The lower limit is set by shear rate values high enough to obtain clear

signals of normal force. The upper limit is set by shear rates at which the apparent

normal force reaches the peak of 2kg. In general, polymer systems with lower plateau
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Figure 3.8: CPP with two partitions to measure N1 and N2.

of the elastic modulus, G0
N allow to reach higher shear rates before overloading the

transducer. Therefore, we diluted high Mw polystyrene in oligostyrene in order to

obtain two solutions with relatively low values of G0
N . Nonlinear data on such systems

are shown in the next section.

3.7 Normal stress di�erences of PS solutions

In order to test the performance of the CPP with two partitions in extracting visco-

metric function of polymers at high temperature, we prepared two polystyrene (PS)

solutions by diluting high molecular weight PS in oligostyrene 2k (Mw=2 kDa). The

�rst solution was prepared by diluting PS withMw=200 kDa in oligostyrene 2k at 50%

(w/w) therefore it is referred to as PS200k-2k-50. The second solution was prepared by
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diluting PS with Mw=545 kDa in oligostyrene at 30% (w/w). This solution is referred

to as PS545k-2k-30. Details about the methods for the preparation of PS solutions

are given in section 2.1.1 of the second chapter. Concentration values are such that

a plateau modulus of 5 × 104 Pa for PS200k-2k-50 and 1 × 105 Pa for P545k-2k-30 is

reached, according to theoretical predictions from tube model (G0
N(ϕ) = G0

N(1)ϕ(1+α)

where G0
N(ϕ) is the plateau modulus of the solution, G0

N(1) is the plateau modulus

of the melt, and α is the dilution exponent, here assumed as equal to 1) [74, 75].

The choice of the values of G0
N(ϕ) is such that normal force overload should not be

reached when γ̇ approaches values corresponding to frequencies around the plateau re-

gion of G′. Figure 3.9 shows the LVE mastercurves of the two solutions at the reference

temperature, Tref = 130°C.

Figure 3.9: Mastercurves of PS200k-2k-50 and PS200k-2k-30 at Tref=130°C.

The experimental plateau values of G′ were similar to the expected ones within an

error smaller than 10% (as mentioned before, this is the maximum accepted error for

sample over�lling). Regarding nonlinear measurements, we prepared 10 samples for

each solution by means of vacuum compression molding (details in chapter 3). The

86 PhD thesis - Salvatore Costanzo



3.7 Normal stress di�erences of PS solutions

mass m of the samples was between 45mg and 47mg, so that the outer radius value R

is equal to 6.04±0.05 mm , according to equation (3.19). After preparation we loaded

the samples into the ARES rheometer equipped with the CPP and performed step

rate tests at selected shear rates. Figure 3.10 shows start-up shear tests performed on

the solution PS200k-2k-50 at di�erent shear rates (indicated in the panels). Di�erent

samples were loaded for each shear rate and measurements were carried out with both

CPP6 and CPP10.

Figure 3.10: PS200k-2k-50 measured at 130°C. Shear rates as indicated in the panels.

From �gure 3.10, we can observe the high reproducibility of the transient viscosity

with the two di�erent geometries. On the other hand the resulting apparent normal

stress acting on the 6mm partition is di�erent from that acting on the 10mm partition,

as depicted in �gure 3.11. Normal force signals in �gure 3.11 are a�ected by noise and

axial compliance. However, a neat separation between the steady state values of Napp,1
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Figure 3.11: PS200k-2k-50 measured at 130°C. Shear rates as indicated in the panels.

with 6mm and Napp,2 with 10mm is clear. From the Napp signals we can therefore

extract the steady state values of Napp,1 and Napp,2 and insert them in the equations

(3.20)-(3.21), in order to obtain the steady state values of N1 and N2. From such values

we can extract Ψ1 and Ψ2 dividing N1 and N2 by γ̇2, respectively. The viscometric

functions η, Ψ1 and Ψ2 are reported for the two solutions in �gure 3.12 along with the

predictions for the transient viscosity and for Ψ1.

The quantity η(t)experimental was obtained by the complex viscosity from a com-

bination of the Cox-Merz rule [22], η(γ̇) = η∗(ω)|ω=γ̇ with the Gleissle rule [126],

η+(t) = η(γ̇)|γ̇=1/t. The quantities η(t)RTS and Ψ1(t) have been calculated from equa-

tions 2-3 of reference [33], namely:

η0(t) =
n∑
i=1

τigi

(
1− exp

(
− t

τi

))
(3.22)
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Figure 3.12: Viscometric steady-state functions for a) PS200k-2k-50 and b) PS545k-2k-30.

Ψ0
1(t) = 2

n∑
i=1

τ 2i gi

(
1−

(
1 +

t

τi

)
exp

(
− t

τi

))
(3.23)

The relaxation spectrum τi, Gi for such calculation was obtained by �tting the mas-

tercurves with Maxwell modes through the software REPTATE. The results of the �t

are reported in table 3.1. Figures 3.12(a) and 3.12(b) show a good agreement between

the predicted values of Ψ1 and the experimental ones. The predictions for N2 are quite

scattered but the value of the ratio −N2/N1 is comprised between 0.35 and 0.1 as

reported from previous studies [124]. In order to demonstrate this, we report a super-
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PS200k-2k-50 PS545k-2k-30

τi [s] Gi [Pa] τi [s] Gi [Pa]

3.20× 101 3.43× 102 5.97 2.39× 104

3.64 2.17× 104 6.91× 10−1 2.81× 104

4.15× 10−1 2.29× 104 7.99× 10−2 2.32× 104

4.72× 10−2 2.81× 104 9.25× 10−3 2.03× 104

5.37× 10−3 7.98× 104 1.07× 10−3 2.81× 104

6.12× 10−4 1.39× 105 1.24× 10−4 9.37× 104

6.96× 10−5 3.67× 106 1.43× 10−5 2.11× 105

1.66× 10−6 2.41× 106

1.92× 10−7 8.82× 106

Table 3.1: Maxwell �t of the mastercurves in �gure 3.9.

position of our data with those from reference [124] for polymer solutions of high Mw

polystyrene (range of Mw between 200k and 2000k) in normal butylbenzene at �xed

PS concentration of 0.45 (w/w) (�gure 3.13). A fair agreement is found between our

data with both solutions and those from Gao et al.

Figure 3.13: Comparison of the ratio−N2/N1 obtained with the two partitions with previous
data from Gao et al. [124].

In general, the Doi-Edwards model predicts that the ratio −N2/N1 for concentrated

polymer systems is equal to 2/7 in the zero-shear-rate limit whereas it decreases upon

shear rate increase [127]. Several authors reported that −N2/N1 oscillates between
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0.3 and 0.1 [117, 119, 124]. Particularly, Schweizer has reported shear thinning of

−N2/N1 from 0.3 to 0.1 [119]. In general our data show good agreement with those

from literature. Moreover, for the solution PS200k-2k-50, the shear thinning behavior

is con�rmed.

We also tried to measure the same sample reported by Schweizer [33], i.e., PDMS

calibration �uid from TA Instruments (Order no. 700.01011), in the same range of

shear rates. However, strong slip and overload of the ARES transducer hindered good

measurements. Roughening the surfaces of our CPP would help to prevent slip, however

the overload of the transducer cannot be avoided.

3.8 Concluding remarks

Rotational rheometry is an indispensable tool for measuring shear and normal stresses

in polymeric systems. Indeed, from the equation of motion solved for CP geometry,

one can extract the radial normal stress distribution from which it is possible to eval-

uate both N1 and N2. However, edge fracture instability in rotational shear �ows is

a serious issue hindering correct measurements of viscosity and normal stress di�er-

ences. An e�ective method to overcome issues related to edge fracture is to use a

CPP geometry. CPP geometry was pioneered by Pollet [30] and Meissner[31]. Since

its �rst implementation, substantial progress has been made to carry out nonlinear

shear tests in a reliable fashion. Moreover, Schweizer showed the possibility to extract

N1 and N2 with CPP in a single measurement [33]. However, this setup is a�ected

by experimental issues such as thermal stability. Building up on previous work on

CPP rheometry, we implemented a new CPP setup for ARES rheometer to perform

reliable viscosity measurements with small amount of samples and thermal stability at

high temperatures. Moreover, within some limitations, Ψ1 and Ψ2 coe�cients can be

extracted both at room and high temperatures. Such a device allowed us to explore

the nonlinear properties of a large variety of polymer systems. The results of this
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study are presented in the next chapters. The main outcome in using CPP geometry

is reliable data on transient viscosity. In this regard, a single CPP would be su�cient.

The possibility to detect N1 and N2 determines the di�erence between di�erent CPP

setups. The advantages and disadvantages of each setup in measuring normal stress

di�erences are summarized in table 3.2.

Setup Advantages Disadvantages

Single
CPP

� Good temperature
control up to 230°C

� Multiple measurements
to obtain N1 and N2

(more than 2 for each
shear rate)

CPP3 � Possibility to detect
η, N1 and N2 in a
single measurement

� Not suitable for
measurements above
110°C

� Raw data require
post-processing in order
to remove signal noise

Two Single
CPP with
di�erent
radii

� Possibility to detect
η, N1 and N2 in 2
measurements

� Good temperature
control up to 230°C

� More prone to error
compared to a single
measurement with
CPP3

Table 3.2: Summary of the advantages and disadvantages of di�erent CPP setups in mea-
suring the viscometric functions N1 and N2.
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Chapter 4

LINEAR AND RING

POLYSTYRENE MELTS,

SOLUTIONS AND BLENDS

4.1 Introduction

One of the most remarkable accomplishments in polymer physics has been the de-

velopment of the tube model. Since its formulation (by Doi and Edwards [11]) the

original model has been subjected to many re�nements in order to provide realistic

predictions of polymer dynamics. Concerning linear viscoelasticity of entangled linear

polymers, in addition to reptation, other relaxation mechanisms were proposed in order

to explain some distinctive features of their rheological behavior. For example, contour

length �uctuations (CLF) explain the 3.4 (instead of 3) power-law dependence of the

zero-shear viscosity on molecular weight[34], while thermal constraint release (CR) -

or alternatively, dynamic dilution - explains the e�ects of polydispersity. [100, 128�

130]. Finally, the contribution of longitudinal relaxation modes in the frequency region

around the minimum of the loss modulus G′′ can rationalize the 4/5 factor used in the

plateau modulus expression G0
N = (4/5)ρRT/Me, where ρ is the density, R the gas con-

stant, T the temperature, and Me the entanglement molecular weight [131]. The great

success of the tube model in predicting the linear viscoelasticity of entangled polymers

(linear and branched) over a wide range of time-scales relies on the universal validity
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of the smoothed-out treatment of interchain interactions, which forces the chain to

di�use curvilinearly along an e�ective tube, as well as on the correct interpretation of

chain-end dynamics. On the other hand, such model is not appropriate to predict the

LVE of polymer systems with no chain ends, i.e. ring polymers. The lack of free-ends

in ring polymers prohibits stress relaxation via CLF and reptation, even when Mw

is large enough to form entanglements. For this reason additional models have been

developed for rings, such as the lattice-animal and modi�ed Rouse models [44, 45] in

order to describe the key features of their rheological behavior. Stress relaxation in

ring polymers is characterized by the absence of plateau of G′ and a power-law decay

at long times. Such decay has been attributed to threading of the ring chains by linear

contaminants [41]. In this respect, the rheology of linear/ring blends is interesting

insofar as their terminal relaxation time is in general longer than the pure linear and

ring samples because of multiple linear/rings threading.

Nonlinear rheology of polymers is more challenging, both from theoretical and experi-

mental standpoints. As far as linear polymers are concerned, the original Doi-Edwards

model based primarily on segmental orientation in the �ow direction, predicted ex-

cessive shear thinning leading to an unstable �ow curve (shear stress vs shear rate).

The problem was solved with the introduction of the concept of convective constraint

release (CCR), which was shown to attenuate thinning [35]. In extensional �ows, chain

stretching is responsible for strain hardening, and �nite chain extensibility must be ac-

counted for [19]. These key advances, along with several other relevant improvements,

have led to the development of constitutive models for the description of the �ow of

entangled polymeric liquids of any chemistry [37, 132]. The molecular parameters that

control rheology of linear entangled polymers are the monomeric friction coe�cient

and the number of entanglements (Z), both a�ecting relaxation times. Hence, it is

implied that solutions and melts of linear polymers will have the same rheology (in

dimensionless coordinates) as long as they possess the same Z. However, recent exper-
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iments with linear polymer melts and solutions having the same Z have demonstrated

that while these systems exhibit identical linear rheology, their nonlinear extensional

behavior is drastically di�erent [74�76]. In particular, PS melts subjected to fast ex-

tensional �ows exhibit thinning behavior (i.e., the steady-state extensional viscosity

decreases with increasing extensional rate), whereas in the same range of dimension-

less extensional (stretch) rates (or Weissenberg numbers) the steady-state extensional

viscosity curve of the PS solutions exhibits an upturn with increasing stretch rates.

The tube model, properly modi�ed with the introduction of chain stretch, correctly

predicts the nonlinear extensional behavior of PS solutions but fails to describe that

of PS melts [133, 134]. An important recent development that resolved the aboveob-

served discrepancy is the concept of alignment-induced reduction of the (anisotropic)

monomeric friction coe�cient, which is particularly e�ective in melts [135�139]. For

PS solutions in oligomeric solvents, the anisotropic friction leads to polymer-solvent

nematic interactions [75, 76, 103]. However, the increased extensibility of a polymer

chain upon dilution allows solutions to stretch to a larger extent compared to melts.

Very recently, it was shown experimentally that in order to have the same linear and

nonlinear extensional rheological behavior, two di�erent polymeric systems should have

the same number of entanglements Z, the same �nite extensibility λmax, and the same

monomeric friction reduction ζ/ζ0 where ζ is the actual value of the monomeric fric-

tion coe�cient during �ow and ζ0 is the monomeric friction reduction at equilibrium

[140]. An obvious question stemming from the above is whether the observed di�er-

ence between polymer melts and solutions in extensional �ow also occurs in shear �ow.

The vorticity component of the shear strain tensor is in fact expected to reduce chain

orientation and stretch compared to the extensional �ow case. Hence, monomer align-

ment is expected to be less e�ective, and the monomeric friction reduction reduced or

even absent, as in fact shown by recent Brownian dynamics simulations [136]. On the

other hand, the possible e�ects of vorticity have not been decoded. Additional recent
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molecular dynamics simulations [38, 141] have revealed that entangled molecules also

experience tumbling in fast shear �ows, similarly to what experimentally observed in

single DNA through video �uorescence microscopy [142]. Therefore, it appears highly

desirable to perform a systematic comparative study of nonlinear shear and extensional

rheology of entangled polymers with the same Z, and this is one of the goals of the

present chapter. In addition, other important questions stemming from the discussion

above, are:(i) how does nonlinear rheology of ring polymers compare to their linear

counterparts? (ii) What are the main characteristics of nonlinear rheological behavior

of entropic polymer blends? We shall attempt at answering both questions restrict-

ing our investigation to nonlinear transient shear. Regarding the �rst question, ring

polymers are less prone to deformation compared to linear ones therefore they should

exhibit weaker dependence of viscosity upon shear rate also in the entangled regime.

Nonlinear shear measurements on such systems have been hindered by the very small

quantities available from synthesis.

Rheological measurements of fast shear �ows of entangled polymers are extremely

challenging because of the occurrence of �ow instabilities at large values of the im-

posed shear rate γ̇ (expressed in dimensionless form through the Weissenberg number

Wi = γ̇τ where τ is a characteristic relaxation time of the polymer). Such instabil-

ities include wall slip, shear banding, and edge fracture. The latter phenomenon has

been widely documented in the literature since the early work of Tanner and Keentok

[29]. The most e�cient method to reduce the e�ects of edge fracture in rheological

shear measurements is the use of cone-partitioned-plate (CPP) geometry (described in

chapter 2). We have made several improvements to the original design that allow us to

perform better-controlled shear measurements and therefore reach larger values of Wi

with very small quantities of material. The use of CPP also postpones the occurrence

of wall slip due to the large normal force exerted on the sample. However, occurrence

of wall slip and/or of shear banding cannot be completely excluded (as discussed be-
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low). In this work, we provide a unique combined extensional and shear rheological

data set on two pairs of entangled polymeric systems, each made up of a PS melt and

of a PS solution with the same number of entanglements (a pair with Z ≈ 10 and

another pair with Z ≈ 14). Moreover, we present the main features of nonlinear shear

rheology of two PS ring melts and two linear/ring blends of same molar mass. Details

on the preparation of PS solutions as well as the synthesis of ring PS are given in the

sections 2.1.1 and 2.1.2, respectively. Concerning linear PS, we show that unlike uniax-

ial extensional �ows, the di�erence between melts and solutions at large values of Wi

(Wi ≥ 10, based on the Rouse relaxation time τR) is not detectable in shear �ows. The

experimental data collapse into master curves, and we extract the respective scaling

laws. Concerning ring PS we show that pure ring melts are characterized by a weaker

shear thinning behavior(i.e., steady-state viscosity, normalized peak-viscosity). On the

other hand, we demonstrate that linear/ring blends possess the rheological character-

istics of linear entangled systems. Limited to entangled linear PS melts and solutions,

we rationalize the experimental �ndings by using a tube-based model with two main

ingredients: tumbling (which is important for shear) and alignment-induced friction

reduction (which is important for extension). Modeling of the nonlinear rheology of

rings is beyond the scope of the present thesis.

4.2 Experimental results on linear PS melts and so-

lutions

4.2.1 Linear viscoelasticity

The LVE master curves of the samples were �rst �tted with the empirical Baumgaertel-

Schausberger-Winter (BSW) relaxation model [74, 143]. The BSW model divides the

relaxation spectrum into a viscoelastic part and a glassy part and has three parameters:

G0
N , τc and τm. The parameter τm has a value approximately equal to the terminal

relaxation time of the system, while τc has a value approximately equal to the relaxation
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time of the subchain between consecutive entanglements. The di�erence in both cases

is by a factor of order unity. The parameter G0
N is the entanglement (rubbery) plateau

modulus of the system. The parameters obtained from the model are listed in table4.1

samples T [°C] ne ng G0
N [Pa]

PS133k 160 0.23 0.7 2.79× 105

PS185k 160 0.23 0.7 2.58× 105

PS285k/2k-47 140 0.23 0.7 0.58× 105

PS285k/2k-65 150 0.23 0.7 1.035× 105

τc [s] τm [s] τR [s] η0 [Pa·s]
PS133k 1.24× 10−3 1.66 0.124 0.89× 105

PS185k 1.4× 10−3 5.10 0.271 2.48× 105

PS285k/2k-47 3.42× 10−3 4.51 0.342 0.50× 105

PS285k/2k-65 1.65× 10−3 5.32 0.319 1.04× 105

Table 4.1: material properties of the samples obtained from the BSW �tting

Figure 4.1 depicts the LVE master curves of the samples together with the BSW

model predictions. The master curves of the solutions have been shifted vertically

(each by a factor of 10, see caption for clarity). As already demonstrated in previous

works [76, 140]. having the same Z is a su�cient condition for exhibiting identical

LVE response (in dimensionless coordinates). Hence, when the dynamic moduli are

normalized by the entanglement plateau modulus, and the frequency by a characteristic

time (here τc), the master curves of polymer melts and solutions with the same Z should

collapse, as indeed con�rmed in �gure 4.2. The excellent agreement also constitutes a

strong indirect proof of the quality of the data and of the prepared specimens.
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Figure 4.1: Linear viscoelastic mastercurves of PS melts and solutions along with the BSW
predictions (lines). For all the sampels, G′ ∇, G′′ 2 . PS185k at 160°C, green; PS133k
at160°C, blue; PS285k/2k-65 at 150°C, black (moduli multiplied by 10−1); PS285k/2k-47 at
140°C, red (moduli multiplied by 10−2).

Figure 4.2: Normalized mastercurves of polystyrene melts ans solutions. PS185k, green: ∇,
G′; 2, G′′. PS133k, blue (data shifted for clarity: ∇, G′×10−1; 2, G′′×10−1. PS285k/2k-65,
black: H, G′; �, G′′. PS285k/2k-47, red (data are shifted for clarity): H, G′ × 10−1; �,
G′′ × 10−1.
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4.2.2 Uniaxial extension

Extensional measurements were carried out by Dr. Huang at the Technical Univer-

sity of Denmark (DTU) We carried out nonlinear extensional measurements with both

linear PS melts and the corresponding solutions with the same number of entangle-

ments and compared the respective results. Figure 4.3 shows an example of nonlinear

transient viscosity measurements with the PS melt of Mw = 133k and the PS solution

PS285k-2k-47. By focusing on the quasi-steady values of elongational viscosity, we ob-

serve the characteristic extensional thinning behavior of the melt, i.e. the steady-state

extensional viscosity decreases as the extensional strain rate, ε̇ increases. Conversely,

the PS solution exhibits opposite behavior, i.e. the steady state values of extensional

viscosity increase with ε̇. Figure 4.4 depicts the normalized steady state extensional

viscosity as a function of the Rouse-Weissenberg number (WiR = γ̇τR) for PS133k and

PS185k and for the corresponding solutions.

WhenWiR exceeds unity, there is a clear separation between the extensional viscos-

ity of solutions and melts with the same Z. This trend is attributed to Kuhn segment

orientation due to signi�cant chain stretch in extensional �ow, which is not observed

in shear �ows.

4.2.3 Simple shear

The samples investigated in uniaxial extension were comparatively tested in nonlinear

shear. With the use of the CPP geometry described in chapter 2 we were able to

obtain reliable shear �ow data for both PS melts and solutions at relatively high shear

rates. Figure 4.5 depicts an example of shear startup data for the PS133k melt and

the PS285k/2k-47 solution. Remarkably, at very high rates, the viscosity overshoot is

followed by an unambiguous undershoot and eventually steady state. This feature is

more evident in the solution than in the melt. We note that undershoots have been
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Figure 4.3: Extensional stress growth coe�cient as a function of time at di�erent stretch
rates for PS133k (blue symbols; stretch rates: 0.3, 0.1, 0.03, 0.01 and 0.003 s−1 from left to
right) and PS285k/2k-47 (red symbols; stretch rates: 0.3, 0.1, 0.03, 0.01 and 0.001 s−1 from
left to right). Black lines are the LVE envelopes from the BSW spectrum. For clarity, the
extensional data of the solution have been downshifted by one decade.

Figure 4.4: Comparison of the normalized steady state extensional viscosities as a function
of the Rouse-Weissenberg number for (a) PS133k (blue) and PS285k/2k-47 (red) and for (b)
PS185k (green) and PS285k/2k-65 (black). The slopes of the dashed lines are -0.5.
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observed before with both linear[144] and branched[145] but the explanation of their

physical origin remains elusive. The data in �gure 4.5, as well as the data for the other

two samples, are compared with model predictions in the modeling section.

Figure 4.5: Transient shear viscosity at di�erent shear rates for PS133k (panel a, blue
symbols; shear rates are 0.1, 0.178, 0.316, 0.562, 1, 1.78, 3.16, 5.62, 10, 17.8 and 31.6 s−1 from
top to bottom) and PS285k/2k-47 (panel b, red symbols; shear rates: 0.1, 0.178, 0.316, 0.562,
1, 1.78, 3.16, 5.62, 17.8, 31.6, 56.2, and 100 s−1 from top to bottom). Red and black lines are
the LVE elvelopes obtained from Cox-Merz [22] and Gleissle [126] rules (see chapters 1 and
3).
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Figure 4.6 shows data from �gure 4.5 in dimensionless form in order to compare

melt and solution behavior in simple shear �ow at the same value of Z = 10. Given

the fact that the experimental Weissenberg numbers are not strictly identical, and also

considering experimental uncertainties, we can safely conclude that in shear �ows there

is no appreciable di�erence between melts and solutions with the same Z.

The steady-state shear viscosities, normalized with respect to the dynamic zero-shear

Figure 4.6: Normalized transient shear viscosity of PS133k and PS285k/2k-47 for several
Rouse-Weissenberg numbers,WiR. PS133k, blue symbols: WiR = 0.124, 0.220, 0.391, 0.694,
1.24, 2.20, and 3.91 from top to bottom; PS285k/2k-47, red symbols: WiR = 0.108, 0.192,
0.342, 0.609, 1.08, 1.92, and 3.42 from top to bottom. Black line is the LVE envelope.

viscosity, i.e., the product G0
Nτm (see table 4.1 for the values of τm), exhibit a universal

dependence on Wim = γ̇τm, as shown in 4.7. This should be expected since the

viscosity is controlled by the long-time viscoelastic behavior, characterized in the BSW

model by the terminal relaxation time τm. The slope of the high-shear-rate power law

is -0.82, consistent with earlier reports on shear thinning polymers.[33, 91, 119] The

strain γmax at the viscosity peak of the start-up curves for all systems is plotted against

WiR in �gure 4.8. We observe that forWiR < 1 the value of γmax is virtually constant

(≈ 2.3), consistent with the Doi-Edwards prediction of tube orientation, in the absence
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Figure 4.7: Comparison of the normalized steady-state viscosities as a function of the Weis-
senberg number based on terminal time, Wim = γ̇τm, for PS133k (blue), PS285k/2k-47
(red), PS185k (green), and PS285k/2k-65 (black). The dotted horizontal line marks the zero
shear viscosity. The slope of the dashed line is -0.82.

of chain stretch[11]. For faster �ows, i.e. for WiR > 1, γmax increases because of chain

stretch. For both melts and solutions the scaling law exhibits an exponent of 0.33.

The latter value is consistent with the observation from a group of linear polymers [33,

119] but still lower than the slope of 1 predicted by the GLaMM theory [37]. Recently,

Schweizer predicted a slope of 0.33 for entangled polymers at WiR > 1 by invoking

that chain retraction requires a minimum internal force to happen and correlates with

the overshoot strain [146].

The recovery after the overshoot can be highlighted by plotting in �gure 4.9 the ratio of

the peak viscosity ηmax to the steady-state viscosity ηsteady as a function of the Rouse-

Weissenberg number. Such a ratio is essentially the same for all four systems and

is seen to increase with increasing WiR, but only slightly, namely with a weak power

law of 0.20. Figure 4.10 shows an example of stress relaxation data upon shear �ow

cessation for the PS133k melt. Stress relaxation data for all systems are reported in the

modeling section for comparison with model predictions. For completeness, we depict

104 PhD thesis - Salvatore Costanzo



4.2 Experimental results on linear PS melts and solutions

Figure 4.8: values of the strain at the viscosity peak as functions of the Rouse-Weissenberg
number for PS185k (green), PS285k/2k-65 (black), PS133k (blue), and PS285k/2k-47 (red).
Dashed lines are drawn to guide the eye.

in �gure 4.11 typical data of the transient apparent �rst normal stress id�erence N1,app,

for one of the PS solutions. We could obtain clear N1,app data only for the two solutions

and only at thigh shear rates due to limitations of the normal force transducer. The

apparent normal force N1,app, results from a linear combination of the true �rst and

second normal stress di�erences, N1 and N2, respectively, according to [31]

N1,app =
2Fi
πR2

i

= N1 + 2(N1 + 2N2) ln

(
R

Ri

)
(4.1)

In our experiments, the ratio between the outer radius of the samples (R) and the

radius of the inner partition (Ri = 6 mm) does not exceed the value of 1.5. This

observation along with the assumption that N2 is usually very small compared to N1

[19], leads to a vertical error which can be up to a factor of 2. Hence, the measured

N1,app values are larger than the true N1. However, the qualitative behavior of normal

stress is correct. Regarding the horizontal error, due to axial compliance e�ects, the
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Figure 4.9: Values of the peak viscosity normalized to the steady shear viscosity as a
function of the Weissenberg number based on Rouse time for PS133k (blue), PS285k/2k-47
(red), PS185k (green), and PS285k/ 2k-65 (black). The slope of the dashed line is 0.20.

Figure 4.10: Stress relaxation upon cessation of simple shear �ow for the PS133k melt.
Shear rates during startup are 0.1, 0.178, 0.316, 0.562, 1, 1.78, 3.16, 5.62, 10, 17.8, and 31.6
s−1 from bottom to top.

106 PhD thesis - Salvatore Costanzo



4.3 Experimental results on ring PS melts and their blends with linear PS

Figure 4.11: Transient apparent �rst normal stress di�erence as a function of time for
PS285k/2k-47 (shea rates in s−1 are 17.8 (green), 31.6 (red), and 56.2 (black)).

N1,app curves are delayed with respect to the transient shear viscosity data.

4.3 Experimental results on ring PS melts and their

blends with linear PS

In this section we present experimental results on nonlinear rheology of ring polymers.

The master curves of the dynamic moduli as a function of shifted frequency for the PS

ring polymers, their linear precursors, and their blends with linear chains are shown

in Figure 4.12 at the reference temperature of Tref = 150°C. The linear PS185k and

PS84k exhibit a clear entanglement plateau. On the other hand, the ring polymers

with same Mw exhibit power-law dynamics and a shorter relaxation time. We note

also that the terminal slopes are virtually reached for PS84k, while this is not observed

for PS185k and rings of high molar mass in general [41, 43, 147]. This complies with the

suggestion that the slow mode in ring relaxation is primarily attributed to unlinked

linear contaminants and ring-ring interpenetration (not resolved by LCCC), whose

fraction is even less signi�cant at lower molar mass (due to higher linking probability in

University of Crete 107



LINEAR AND RING POLYSTYRENE MELTS, SOLUTIONS AND BLENDS

the reaction process) [147]. These features are consistent with the previous �ndings [41,

43]. The rheological master curve of the mixtures ring/linear PS84k with φL =85% (φL

being the fraction of linear component) and PS185k with φL =75%, virtually overlap

with the respective linear counterparts at frequencies higher than the terminal G′−G′′

crossover, ωc. On the other hand, below ωc, the mixture exhibits a broadening of

the terminal region and hence a higher viscosity. This re�ects the threading of the

rings by the linear chains, widely reported in experimental and simulation works in the

literature [148�151].

Figure 4.12: LVE mastercurves of ring polystyrenes along with the linear precursors and
solutions.

The transient shear viscosity η+ as a function of time t for di�erent imposed shear

rates γ̇ (indicated with symbol D in the legends) at 150°C is depicted in Figure 4.13 for

ring PS-185k and the respective mixture ring/linear with φL =0.75. Similar data have

been collected for ring PS84k and its mixture with linear and are shown in reference [46].

The linear viscoelastic (LVE) envelope lines are shown as well (red lines) to con�rm
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data consistency. The respective lines are calculated by direct transformation of the

dynamic mastercurves according to the empirical Cox-Merz rule [22] in conjunction

with the Gleissle rule [126] (see chapters 1 and 3). Beyond the start-up time of the

motor, the nonlinear data collapse on the LVE envelope at low times or strains. A

deviation of transient viscosity from LVE envelope was observed with increasing shear

rate and time. After an overshoot, the transient viscosity reaches its steady-state value.

Visual comparison of Figures 4.13.a and 4.13.b, in particular at the highest shear rates

which are comparable, indicates the linear PS has more prominent overshoot than

the ring PS. Since the overshoot re�ects the maximum �ow-induced deformation of

the polymer, this qualitative observation already implies that the rings experience less

deformation than its linear precursors in simple shear �ows. This is consistent with

the recent experimental observations of Schroeder and co-workers on single DNA ring

extension, which is reduced compared to linear DNA [152]. However, we note that

this analogy is only o�ered on a qualitative basis in order to emphasize the smaller

deformation of rings compared to their linear analogues; it is important to keep in

mind that the single DNA of ref [152] is a very di�erent problem from the present

melt of PS rings. On the other hand, the ring-linear blends exhibit a transient shear

response which is quantitatively very similar to that of linear polystyrenes. Given the

fact that even small fractions of linear chains alter the viscoelastic nature of the ring

via formation of an e�ective network [41, 151] this result is not surprising.

Several nonlinear rheological parameters, extracted from the nonlinear data on ring

polymers and mixtures with linear, can be used in order to further analyze the data.

The normalized steady-state shear viscosities (to the zero-shear value) ηsteady/η0, the

relative peak (maximum) viscosities with respect to the steady state value ηmax/ηsteady,

and the strains at the peak viscosities, γmax, represent measures of chain deformation

in shear �ow and are plotted in �gures 4.14, 4.15 and 4.16 against the normalized

shear rate (Weissenberg number), respectively. The Weissenberg number is de�ned as
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Figure 4.13: Nonlinear start up shear on ring PS185k (panel a) and ring/linear PS185k
blend at φL = 0.75 (panel b). Shear rates are indicated in the respective legends.
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Wi = γ̇τD, with τD being the terminal relaxation time, determined by the inverse of

the intersection of the extrapolation of the limiting power laws of G′ ∝ ω2 and G′′ ∝ ω

[1]. Note that the determination of τD is the main source of the horizontal errors in

determining WiD for ring polymers. In �gure 4.14 LVE envelopes transformed from

the linear oscillatory data as a function of the respective Deborah number De0 = ωτD

are plotted.

Figure 4.14: Cox-Merz rule for ring polymers.

The nonlinear data overlap with the LVE envelope line very well at WiD < 30

within experimental error, which con�rms the validity of the Cox-Merz rule [22] for

both linear and ring polymers. At higher shear rates, the nonlinear data are slightly

lower than the linear envelope. The same observation has been reported for linear [94]

and comb polymers [54]. This deviation may re�ect a failure of this empirical rule or

could be tentatively attributed to onset of weak wall slip or edge fracture propagating

up to the gap between partition and cone of the CPP (although this is not supported

by the long-time steady viscosity data in Figure 4.13). These possibilities have been

discussed in detail recently [54, 94]. Nevertheless, it is reasonable to conclude that the
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empirical Cox-Merz rule is valid for ring polymers. We also note that the ηsteady data

for entangled linear PS (Z=5 and Z=11, for linear PS84k and PS185k respectively)

overlap within error over the whole WiD range and share the shear thinning slope

of −0.86 ± 0.03. The ηsteady/η0 data of the ring polymer overlap with those of the

linear at low WiD in the linear (Newtonian) regime and deviate at higher values WiD.

The weaker shear-thinning slope (-0.43±0.03) resembles behavior akin to unentangled

chains with �nite extensibility [153�155]. The data of the ring-linear mixtures are

very close to those of entangled linear polymers, but not identical, especially for the

slightly weaker shear thinning slope (-0.79 ± 0.01). That implies the addition of small

percentages of rings can e�ciently in�uence the nonlinear shear thinning behavior of

linear matrix. Figure 4.15 depicts the relative viscosities ηmax/ηsteady as functions of

WiD.

Figure 4.15: Ratio of the peak over the steady state viscosity values, ηmax/ηsteady vs WiD
for ring polymers and linear/ring blends along with the linear precursors.

Experimental errors are associated with torque resolution at low shear rates and

start-up of the motor at high shear rates. The transient viscosity reduction after its
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peak toward steady state re�ects chain retraction (manifested as partial disentangle-

ment) and the parameter ηmax/ηsteady is the measure of the e�ective chain deformation

at steady state. The data show its progressive increase with increasing WiD. In fact,

for WiD < 1, i.e. in the linear regime where practically no viscosity peak occurs,

ηmax/ηsteady of linear and ring polymers are rate-independent and assume a value of

1. Indeed, in this regime linear and ring chains are not expected to be deformed. For

Wi > 1, the data of entangled linear PS collapse and follow a power-law with a scaling

slope of 1/4, which is also observed in other linear polymers in our previous works [94].

On the other hand, the ring data deviate from the linear data and exhibit weaker shear

rate dependence with a slope about 1/7. This observation implies that the e�ective

deformation of rings is smaller compared to linear chains, again in agreement with lit-

erature on single rings [152]. The data of the ring/linear mixtures are in-between again

with a slope of 1/5, pointing to the role of rings in altering linear chain nonlinear dy-

namics. In steady shear �ow, at su�ciently high rates, linear coils deform (and partly

disentangle [156] much more e�ciently than rings. Figure 4.16 depicts the strain at the

peak viscosities, γmax as function of the Weissenberg number,WiD. The errors on γmax

are related to the uncertainties in determining the time at the peak of viscosity due to

data scattering around the peak region. All three data sets overlap within experimental

error. We note that γmax denotes the maximum instantaneous deformation whereas

ηmax/ηsteady is proportional to the maximum deformation at steady state; hence, they

di�er in their sensitivity to molecular structure. The peak strain γmax is between 2.0

and 2.3 at WiD < 10, consistent with observations in the literature [94, 144] and the

Doi-Edwards model [11] for linear monodisperse polymers, which predicts that γmax is

due to orientation of the tube and attains a shear rate-independent value of 2.3. At

higher WiD, the combination of both chain stretch and orientation governs the over-

shoot; hence, γmax is expected to increase with WiD. The peak strain γmax increases

gradually with shear rate, and the high-WiD scaling slope is 1/3, consistent with the
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Figure 4.16: strain corresponding to the maximum viscosity, γmax vsWiD for ring polymers,
linear/ring blends and the respective linear precursors.

observation from a group of linear polymers [94] but still lower than the steeper slope

(= 1) predicted by the GLaMM theory [37]. For linear polymers, the idea of convec-

tive constraint release (CCR) has proven to be an e�ective molecular mechanism to

describe the nonlinear start-up shear �ow behavior with good accuracy. For branched

polymers like combs, a nonlinear hierarchical deformation scenario, including a short

time branch withdrawn and a long time backbone orientation and stretch, drawn from

the pom-pom model, was found to provide a reasonable description of nonlinear shear

response. On the other hand, a molecular understanding of the nonlinear deformation

of ring chains is still absent. One can advocate the double-folded ring conformation as

a prime reason for their weak deformability. In other words, compared to their linear

precursors, ring polymers have less freedom to change their conformation under shear

�ow because of their more compact structure. Additionally, the cooperative motion
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of ring segments under shear �ow appears to be di�erent from that of linear chains.

Ring-speci�c dynamic mechanisms, such as cooperative orientation of parallel segments

or the tumbling of segments, may account for the weak chain deformation under �ow.

In fact, recent simulations for small isolated rings (with number of Kuhn segments N

= 60, 80, and 120, i.e., the latter being almost identical to PS-84k with N ≈ 117) in

solution indicate di�erent tumbling behavior compared to linear polymers [157] More

importantly, they show that �nite extensibility is important for shear thinning with

slope of -0.40, which is very close to the present value of -0.43. Whereas the present

experimental system is di�erent from simulations (marginal melt in the entanglement

transition) and therefore this agreement should be taken as a full explanation, never-

theless this suggests that �nite extensibility is at work here and rings indeed exhibit a

weaker response to shear �ow. Of course, one would qualitatively anticipate this result

based on the power-law behavior of the moduli in the intermediate frequency region

(�gure 4.12).

4.4 Modeling of the Nonlinear Rheology of Linear PS

Modeling of the rheological data was carried out by prof. Giovanni Ianniruberto and

prof. Giuseppe Marrucci at the University of Naples, Federico II. In the proposed

model the stress tensor σ is written as a sum
∑∑∑

over modes. In the LVE limit, the

shear stress becomes

σxy(t) =

∫ t

−∞
dt′γ(t, t′)

∑Gi

τi0
exp

(
−t − t′

τi0

)
(4.2)

where γ(t, t′) is the shear deformation between past time t′ and current time t and

{Gi0, τi0} is the discrete set of LVE moduli and relaxation times. Indeed, we have

replaced the BSW spectrum with a discrete Maxwell-like one in the model. Relaxation

times in equation (4.2) are indicated with the index 0 (referring to equilibrium) be-
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cause in fast �ows they can be modi�ed, and become time-dependent due to alignment-

induced reduction of the monomeric friction coe�cient ζ [135�137]. Normalized values

of the moduli and relaxation times for Z = 10 and Z = 13.9, obtained by �tting the

normalized frequency response data in �gure 4.2 by means of the open source software

Reptate, are reported in table 4.2. Obviously, time ratios like τi/τc are independent

Z = 10 Z = 14

Gi/G
0
N τi/τc Gi/G

0
N τi/τc

1.14× 102 2.16× 10−3 6.02× 101 4.39× 10−3

2.52 5.9× 10−2 1.96 9.73× 10−2

8.8× 10−1 3.33× 10−1 6.90× 10−1 6.02× 10−1

3.81× 10−1 1.53 2.74× 10−1 3.28
2.07× 10−1 6.87 1.69× 10−1 1.67× 101

1.70× 10−1 2.90× 101 1.64× 10−1 7.28× 101

1.76× 10−1 1.11× 102 1.92× 10−1 3.06× 102

1.37× 10−1 3.63× 102 1.86× 10−1 1.30× 103

2.03× 10−1 8.92× 102 1.29× 10−1 2.88× 103

Table 4.2: dimensionless discrete relaxation spectra for the two Z values of the four PS
systems

of �ow-induced changes of the friction coe�cient ζ. For each of the four systems, the

values of {Gi, τi0} are obtained by multiplying the ratios in table 4.2 to G0
N and to the

equilibrium value of τc (reported in table 4.1), respectively. The nonlinear constitutive

equation for the stress tensor σ is written by decoupling the set of mode orientations

Si from the average subchain stretch ratio λ:

σ = CQλ
2(t)

f(λ)

f0

∑∑∑
GiSi,

Si =

∫ 0

−∞

dt′

τi(t′)
exp

(
−
∫ t

t′

dt′′

τi(t′′)

)
Q [E(t, t′)] (4.3)

In equation (4.3) the integral de�ning the ith mode orientation tensor Si is written

by accounting for the �ow induced time dependence of the relaxation spectrum, tensor

E is the deformation gradient between past time t′ and current time t, and Q is the
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Doi-Edwards tensor, here replaced (for simplicity) by the following unit-trace Seth-type

measure [158, 159]

Q =
B1/2

trB1/2
(4.4)

based on the Finger tensor B = ET · E. In the stress expression, CQ is a Q-

dependent scalar coe�cient (CQ = 6 for our choice of Q) [134], and f(λ) is the force

factor that accounts for the non-Gaussian behavior of subchains:

f(λ) =
L−1(λ/λmax)

3λ/λmax
, λmax = a/b (4.5)

In equation (4.5), L−1 is the inverse Langevin fuction, b = 18 Åis PS Kuhn

length, [1] and a is the tube diameter, changing with dilution according to a(φ) =

a(1)φ−a/2 (see equation 2.1, where the PS melt tube diameter is given (in Å) by

a(1) = 85(3f0/CQ)1/2 [1, 134, 160]. Finally, in equation (4.3), f0 is the equilibrium

value of f . Indeed, because in PS melts a is not much larger than b, even for λ = 1,

i.e., at equilibrium, f0 comes out slightly larger than unity.

There remains to de�ne how λ varies with time. In line with similar suggestions [39,

161] we will assume that the stretch ratio obeys the di�erential equation

dλ

dt
= k : Sλ − fλ − f0

τR(t)
,

S =

∫ t

−∞

dt′

τd(t′)
exp

(
−
∫ t

t′

dt′′

τd(t′′)

)
Q [E(t, t′)] (4.6)

with the initial equilibrium condition λ = 1 for start-up �ows. In equation (4.6),

τR is the Rouse time (the equilibrium value of which is reported in table 4.1), k is

the velocity gradient tensor, and S is an average subchain orientation based on the
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disengagement time τd, de�ned as [146, 162]

τd(t) =

∑
iGiτ

2
i (t)∑

iGiτi(t)
(4.7)

Concerning friction reduction and in particular the dependence of the monomeric fric-

tion coe�cient ζ on the order parameter S, we have used the simple recipe (with

Sc = 0.14) suggested by Ianniruberto [103]:

ζ

ζ0
= 1 for S ≤ Sc

ζ

ζ0
=

(
S

Sc

)−1.4
for S > Sc (4.8)

where, because of the somewhat di�erent stress constitutive equation used here,

the exponent of the power law has been slightly changed (-1.4 instead of -1.25). For

S larger than the critical order parameter Sc (marking the onset of friction reduction

e�ects), all relaxation times are reduced proportionally to the ratio ζ/ζ0.

In the case of uniaxial elongational �ows, the order parameter Sp of the polymer is

calculated through the following equation [136]:

Sp(t) =
λ2(t)

λ2max

(
Szz − Srr

)
=

λ2(t)

λ2max

∫ t

−∞

dt′

τd(t′)
Q [εH(t, t′)] × exp

(
−
∫ t

t′

dt′′

τd(t′′)

)
(4.9)

where, we recall, z is the elongation direction and r is orthogonal to it. The second

equality in equation (4.9) is obtained by using equation (4.6) for S with Q = Qzz −Qrr

and εH(t, t′) the Hencky strain between t′ and t. For the case of solutions, from the

order parameter of the polymer we calculate that of the solution through the formula

[103]:

S = [φ + (1 − φ)ε]Sp (4.10)

where ε is the nematic interaction parameter of the oligomeric solvent.
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For the start-up of uniaxial elongational �ows, �gure (4.17) shows the comparison

between predictions of equations (4.3)-(4.10) and data for all four systems. Panels

a and b in �gure 4.17 refer to melts, and comparison between the solid and dotted

lines highlights the importance of friction reduction. In panels c and d, referring to

solutions, all curves account for friction reduction, and the di�erence between the solid

(obtained with ε = 0.3) and dotted lines (ε = 0) marks the signi�cance of the nematic

interactions between the ligomeric solvent and the polymer. The best �t value of the

nematic interaction parameter, ε = 0.3, for the 2k oligomeric solvent used here appears

consistent with the value ε = 0.5 found in the case of 4k oligomers [103].

Figure 4.17: Extensional stress growth coe�cient as a function of time for several stretch
rates: comparison of predictions (black lines) to data (gray symbols). Dotted lines in panels
a and b for melts were obtained by ignoring friction reduction e�ects. In panels c and d
for solutions, friction reduction is always present, and dotted lines were obtained by ignoring
nematic interactions (ε = 0). Stretch rates [s−1] are from left to right: (a) 0.3, 0.1, 0.03,
0.01, 0.003; (b) 0.1, 0.03, 0.01, 0.003, 0.0003; (c, d) 0.3, 0.1, 0.03, 0.01, 0.001. In all panels,
dashed lines represent the LVE response.
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Figure 4.18 compares predictions to data in �gure 4.4 for the steady state elonga-

tional viscosity (steady state was assumed at a Hencky strain of 5). The cusps in the

curves of �gure 4.18 are due to the abrupt transition from a constant friction coe�cient

to the power law (see equation 4.8). Those cusps would disappear by smoothing such

a transition.

Figure 4.18: Comparison between model predictions and data (symbols) for steady uniaxial
extensional viscosity. Upper and lower panels refer to Z = 10 and Z = 13.9, respectively.
Black and gray lines refer to melts and solutions, respectively.

Moving on to the model predictions for shear �ows, equation (4.3) for the stress
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is in fact simpli�ed because friction reduction e�ects are expected to be absent and

therefore relaxation times remain �xed at their equilibrium values. Figure 4.19 shows

results for the Z = 10 systems (both melt and solution).

Figure 4.19: Predictions for the transient shear viscosity of the Z = 10 samples without
accounting for tumbling. Data (symbols) and predictions (lines) with the same color refer to
the same shear rate. PS133k melt (upper panel); PS285k/2k-47 solution (lower panel). Shear
rates are as in �gure 4.5. The highest viscosity curves coincide with the linear viscoelastic
response (barely distinguished dashed black lines). Filled circles correspond to the predictions
for the three highest rates, accounting for friction reduction without tumbling (see text).

Dramatic discrepancies between predictions and data emerge, especially at high

shear rates, and similarly unsatisfactory results are found for Z = 13.9. Such large dis-

crepancies remain even if convective constraint release (CCR), which has been ignored

so far, is accounted for. Actually, for a multimode relaxation spectrum CCR is only

a minor correction [132, 134]. One possible source for the discrepancy is the fact that
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in fast shear �ows entangled molecules experience tumbling, as recently demonstrated

by molecular dynamics simulations [38], a feature not accounted for. Consequently,

the model is modi�ed by inserting into equation (4.5) for the rate of change of λ the

tumbling function ϕ(t) given by

ϕ(t) = cos(2πωt) exp(−βt) (4.11)

Equation (4.11) actually mimics equation 1 of Se�ddashti et al. [38], who considered

the autocorrelation function of the end-to-end vector of the molecules. The cosine

function describes a regular tumbling of a molecule with frequency ω, and the negative

exponential accounts for a gradual loss of coherence among tumbling events, 1/β being

the corresponding decorrelation (relaxation) time. For the shear case, equation (4.6)

then becomes
dλ

dt
= γ̇Sxyϕλ −

fλ − f0
τR

,

Sxy =

∫ t

−∞

dt′

τd
exp

(
−t − t′

τd

)
Qxy [γ(t, t′)] (4.12)

where γ̇ is the shear rate, and it is understood that τR and τd remain at their equilibrium

values.

Figure 4.20 reports the results for all the four systems examined, obtained by using

the following values for the tumbling parameters ω and β:

ω =
Wi−0.2R

8π
γ̇, β =

Wi−0.2R

8
γ̇ (4.13)

Note that equation (4.13) assumes that both the tumbling and the decorrelation

frequencies, ω and β, respectively, are proportional to γ̇0.8, consistent with the NEMD

simulation results (�gures 10 and 11 of Se�ddashti et al. [38]). The dependence of

the speci�c system appears through the Rouse time and it is embodied in the weak
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Figure 4.20: Comparison between predictions accounting for tumbling (solid lines) and data
(symbols) in shear startup tests. Dashed black lines are LVE response. (top left). PS133k
at shear rates as in Figure 4.5; (top right) PS185k at shear rates 0.1, 0.178, 0.316, 0.562, 1,
1.78, 3.16, 5.62, 10, 17.8, 31.6, and 56.2 s−1 from top to bottom; (bottom left) PS285k/ 2k-47
at shear rates as in �gure 4.5; (bottom right) PS285k/2k-65 at shear rates 0.1, 0.178, 0.316,
0.562, 1, 1.78, 5.62, 10, 17.8, 31.6, 56.2, and 100 s−1 from top to bottom.

power law of WiR. Although the predictions of �gure 4.20 are reasonably consistent

with the data for the four systems considered, it should be emphasized that equations

(4.11)-(4.13) are essentially phenomenological, as no molecular theory for tumbling in

entangled systems has been proposed so far. On the positive side, �gure 4.20 shows

that the proposed model naturally predicts the possible appearance of undershoots

(arising from the cosine function). We consider this as an important result since it

provides a physical explanation for the origin of stress undershoot, i.e., tumbling. It

is worth noting that modi�cation and generalization of the model introduced through

equations (4.11)-(4.13) require that it can be extended to an arbitrary �ow, with the
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obvious requirement that the tumbling correction disappears in extensional �ows. We

also emphasize that to predict the transient response and undershoot in stress, the

tumbling function in equation (4.11) is really necessary. Indeed, we have performed

additional calculations without tumbling, but accounting only for friction reduction.

The result is reported in �gure 4.19. It is apparent that friction reduction without tum-

bling does not solve the problem. Going back to the predictions of �gure 4.19 without

tumbling, the predicted shear-hardening merits a quick comment: recent experiments

with highly branched polymers reported such an e�ect [163]. Our experimental re-

sults do not show any hardening in shear. Given our analysis, the present data are

dominated by tumbling. We postulate that at higher shear rates (not reached experi-

mentally) the tumbling contribution may be weaker and hardening may indeed occur.

By the same token, in complex architectures such as that of ref [163], it is possible

that tumbling is reduced and stronger shear deformation may lead to hardening. In-

terestingly, recent multichain slip-link simulations results do con�rm the existence of

the undershoot (see Figure 13 of ref [136]), suggesting that they automatically account

for tumbling. However, in that case the undershoot was very weak because the shear

rates in the simulations were not su�ciently high and the respective highest WiR was

about 3.

Figure 4.21 reports the steady-state viscosity curves obtained from the model, which

compare favorably with the data previously reported in �gure 4.7 It should be noted

that in view of the negative exponential in equation 4.11 for the tumbling function

ϕ(t), at steady state the stretch ration λ is predicted from equation 4.12 to reduce to

the equilibrium value λ,= 1. The comparison in �gure 4.21 appears to con�rm such a

prediction, at least for the shear stress component.

Figure 4.22 compares predictions of stress relaxation upon shear �ow cessation with

the corresponding data for all four samples, and a very good agreement is generally
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Figure 4.21: Comparison between predictions (lines) and data (symbols)for the steady-state
shear viscosity. Colors as in �gure 4.7.

Figure 4.22: Comparison between predictions (lines) and data (symbols) in shear startup
followed by relaxation upon �ow cessation. Shear rates are the same as in Figure 4.20. (top
left) PS133k, (top right) PS185k, (bottom left) PS285k/2k-47, and (bottom right) PS285k/2k-
65.
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found.

One should note that at high shear rates the relaxation essentially occurs in two

steps: a fast relaxation followed by a signi�cantly slower one. Since relaxation starts

from the steady state where, as shown above, the stretch contribution is essentially

absent, the fast process is interpreted as due to the relaxation of the fast modes of

the orientation spectrum, which at high shear rates contribute signi�cantly to the

steady state value of the shear stress. To appreciate the relaxation, in particular the

early times, and the success of the model, we show in Figure 4.23 the data and model

prediction only for stress relaxation upon �ow cessation.

Figure 4.23: Comparison between predictions (lines) and data (symbols) for the relaxation
upon �ow cessation. Shear rates as in Figure 4.20.

Finally, Figure 4.24 shows predictions and data for the �rst normal stress di�erence

N1 for the PS285k/2k-47 solution. It is evident that the model fails to �t the data,
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Figure 4.24: Comparison between N1 predictions and data (apparent) in shear startup and
subsequent relaxation upon �ow cessation for the PS285k/2k-47 solution. Color codes for
shear rates as in Figure 11. Solid lines are predictions with tumbling. The dashed line (for
the highest rate) is obtained without tumbling.

both with and without the tumbling correction. A similar mismatch is found also for

the other solution. We should point out that we did not attempt to provide data for the

e�ective N1 and N2 in shear as the main purpose of this work is to underline di�erences

between rheological behavior of PS melts and solutions in shear and extensional �ow

in the high WiR range.

4.5 Discussion and concluding remarks

Concerning linear polymer melts and solutions, we have presented a systematic in-

vestigation of the nonlinear shear and extensional properties of polystyrene melts and

solutions having the same number of entanglements (10 and about 14) by means of

state-of-the-art experiments and modeling. As expected, the LVE response of PS melts
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and solutions having the same Z exactly coincides to within a vertical and a horizon-

tal shift (in log scales) that de�ne the respective moduli and characteristic times. In

the nonlinear regime we have demonstrated that the di�erences between melts and

solutions observed in uniaxial extensional �ows are not detectable in shear �ows over

the same range of Rouse-based Weissenberg numbers (0.01 < WiR < 40), with the

highest values corresponding to signi�cant chain stretching. This fact con�rms that in

strong aligning �ows (uniaxial extension) friction reduction di�erentiates melts from

solutions, the latter reaching a smaller value of the average order parameter because of

the reduced orientation of the solvent molecules. It should be also noted, however, that

the oligomeric solvent molecules are not fully random because of nematic interaction

with the polymer molecules. Conversely, in shear �ows, because of vorticity, the order

parameter of the Kuhn segments always remains su�ciently low so that the monomeric

friction coe�cient essentially remains at its equilibrium value. Concerning fast shear

�ows, a speci�c phenomenon due to the rotational component of �ow appears to play

a signi�cant role, namely tumbling of entangled molecules, which has been recently

demonstrated by the molecular dynamics simulations of Se�ddashti et al. [38]. These

authors also emphasize that tumbling is associated with a signi�cant loss of entan-

glements. Indeed, a few lines after their Figure 6 (where molecular con�gurations in

melts and dilute solutions are compared at Wi = 10600), they write �These snapshots

serve to reinforce the evidence of the lack of entanglements in the melt at high shear

rates, since the observed con�gurations are very similar to those of the dilute solution.�

Se�ddashti et al. [38] also directly measured the �owinduced loss of entanglements in

their Figure 15 and again stressed that tumbling is directly linked to disentanglement

in their Conclusions section.

The model proposed here accounts for tumbling (and implicitly for disentanglement)

in a very simplistic way, with this e�ect only modifying the stretch ratio λ. Since λ

is a scalar quantity, a�ecting in equal ways all components of the stress tensor, the
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tumbling-induced λ reduction through the function ϕ of equation 4.11 modi�es the

shear stress σ and the �rst normal stress di�erence N1 in the same way. Now, the real

picture emerging from NEMD simulations (see Figure 6a of Se�ddashti et al. [38] is one

where the highly oriented and stretched polymer molecule goes from a positive xy com-

ponent of the conformation tensor to a negative one during the tumbling cycle (thus

e�ectively reducing the xy component of the stress, i.e., shear stress), while at the same

time remaining on average signi�cantly stretched along the shear direction x (hence

maintaining a permanently positive value of the normal stress, N1 = σxx − σyy). The

simple scalar tumbling model proposed here cannot capture this latter aspect, which

explains the failure in �tting the N1,app data in �gure 4.24. An equally important factor

explaining the data-model mismatch is the experimental di�culties in measuring the

normal stress because of the axial compliance of the rheometer. We note further, how-

ever, that �gure 4.23 shows that tumbling plays some role also in somewhat reducing

N1 because in fact N1,app data fall in-between predictions with and without tumbling.

This is again in agreement with the NEMD simulations which show that although the

xx − yy component of the conformation tensor is positive throughout the tumbling

cycle, the average stretch gets signi�cantly reduced during part of it (Figure 6a of Se-

�ddashti et al. [38]). Clearly, a model fully accounting for tumbling cannot make use

of the classical approximation of decoupling stretch (the scalar λ) from the orientation

tensor. However, such a more faithful model including the tumbling phenomenon is

yet to be developed. An important feature of the tumbling model proposed here is

the prediction of a transient undershoot following the stress (or viscosity) overshoot

at high shear rates, also seen in the data (see �gure 4.20). Such a feature is absent

without the tumbling correction (see �gure 4.19), as is true for all integral constitutive

equations of the Doi-Edwards type, which only predict the overshoot. It is also worth

noting that the multimode relaxation revealed by the LVE response has important

consequences in the nonlinear range. On the one hand, it appears to make the role
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played by CCR relatively marginal, as previously observed by Likhtman and Graham

[132]. Multimode relaxation also appears to inhibit banding instabilities in shear �ows.

Indeed, for steady shear �ows, the power law exponent (-0.82) of the experimental

viscosity curve in �gure 4.7 clearly indicates absence of steady shear banding, which

is also excluded by the predictions of the model (see �gure 4.21). For startup of shear

�ows, work is in progress to show that multimode relaxation can inhibit the transient

shear banding predicted for the unstretched single mode case by Moorcroft and Field-

ing [164]. Moreover, they have also shown that chain stretching essentially cancels the

transient elastic instability even for the single mode relaxation. Finally, in the range

of shear rates examined, there has been no evidence of wall slip.

Concerning ring polymers, we have presented linear and nonlinear rheological data

of two experimentally pure ring polymers and two respective ring/linear mixtures.

The linear viscoelasticity of rings exhibits the established power-law stress relaxation,

however with an exponent larger than 0.4, predicted by the lattice-animal model. For

moderately entangled rings (Z = 5−10), terminal �ow behavior is approached whereas

a slower mode is apparent in the relaxation of ring PS185k. The overshoot in tran-

sient viscosity of the rings at high Weissenberg numbers, is less prominent compared

to their linear precursors, suggesting that the nonlinear deformation of rings is weaker

compared to their linear counterparts. This is also re�ected in their weaker shear

thinning behavior. Data obtained with ring-linear blends exhibit a nonlinear shear

behavior closer to that of entangled linear chains and con�rm the emerging picture.

Available fragmental information from single DNA ring extensional deformation and

molecular simulations of sheared single ring in solution provide further evidence for

the weaker ring deformation and the importance of �nite extensibility, especially for

small molecular weights. The present data set should motivate further shear and ex-

tensional experiments with larger molecular weights and mixtures as well as theoretical

developments in this exciting �eld of research.
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Chapter 5

STRESS START-UP AND

RELAXATION IN CAYLEY TREE

POLYMERS

5.1 Introduction

The use of model polymers of well-de�ned architecture is important in probing molec-

ular rheology [85, 165�167]. Indeed, substantial progress has been made in decoding

the linear viscoelasticity (LVE) of model branched polymers (such as combs or pom-

pom-like macromolecules), and more recently their nonlinear response in shear and

extension. The rheological properties of model polymers provide profound implica-

tions in �nessing molecular models and improving material performance in technologi-

cal applications [51�53, 95, 163, 168�173]. Focusing on the nonlinear rheology of comb

polymers, one important consequence of the recent progress in experimental exten-

sional and shear rheology is the quantitative assessment of the role of dynamic dilution

in transient strain hardening and stress overshoot, respectively. Moreover, it has been

demonstrated that, still using the comb paradigm, introducing long-chain branching

induces strain hardening in start-up shear [163]. It is therefore evident that whereas

branching is crucially important in processing, the exact role of number, size, and dis-

tribution of branches is not fully quanti�ed. We note that Nielsen et al. measured

the transient response of model pom-pom polystyrenes [169] (which are the limiting
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case of combs with only two branch points at the ends of the backbone) and reported

strong extension hardening, even at low deformation rates, due to the stretching of the

backbone between the two branch points. The extensional viscosity reached steady

state with values scaling with the extensional rate with a power-law exponent of about

-0.5, in agreement with modeling predictions [140, 169]. The latter were based on the

concept of internal chain pressure which counterbalances the contraction due to ap-

plied deformation, [174, 175] coupled with backbone tube dilation due to the earlier

relaxation of the branches. These ideas were also implemented into the time marching

algorithm by van Ruymbeke et al. [50, 176] in order to predict the extension hardening

of Cayley-tree poly (methyl methacrylates) (PMMA) of di�erent generations. How-

ever, in the latter case, despite the very good predictions of transient stress growth

coe�cient, the experimental measurements were limited to a maximum Hencky strain

of 4, and in some cases steady state was not reached. Moreover, Marrucci and Ian-

niruberto suggested that the tube pressure is not a universal concept and proposed

instead the idea of anisotropic monomeric friction as the main mechanism to account

for the response of polymer melts and solutions in uniaxial extension [103, 136, 137].

An important element of the pom-pom model is the branch withdrawal at rates larger

than the e�ective Rouse rate of the polymer. This worked out for the case of multiple

branches along the backbone, and a modi�ed pom-pom model for combs captured the

transient extensional data remarkably well [173]. In parallel, whereas experiments with

well-de�ned branched polymers (such as combs) are in general necessary in order to

elucidate the role of the molecular parameters (number, size, and distribution of the

branches, distances between branch points) in the rheological response, the state-of-the-

art branch-on-branch (BoB) model, developed for randomly branched polymers [96],

can be adopted to well-de�ned branching in a straightforward way. In some speci�c

situations, the complex transient response of combs can be described with simple mod-

els accounting for branch withdrawal and convective constraint release, but a universal
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constitutive model is far from reach. In addition, it is important to emphasize that

nonlinear rheological experiments with polymer melts are far from trivial. Challenges

of particular signi�cance are the potential achievement of steady state in extension

and associated ability to reach su�ciently high Hencky strains on the one hand, and

the occurrence of wall slip and edge fracture instabilities in shear on the other hand.

Moreover, stress relaxation has emerged as an important experimental indicator of

material performance baring information on the role of molecular structure on macro-

scopic response [177, 178]. Hence, outstanding challenges remain in the �eld, on both

experimental and modeling sides.

Recent advances in instrumentation have opened the route for obtaining high quality

experimental data, especially in nonlinear transient conditions. More speci�cally, the

development of the �lament stretching rheometer (FSR) allows for the measurement

of true stress in a well-controlled uniaxial extension at large Hencky strains and that

of stress relaxation upon cessation of extension [89, 177]. At the same time, the im-

plementation of cone-partitioned plate (CPP) in rotational strain-controlled rheometry

o�ers the ability to reliably measure transient shear stress over the large possible range

of shear rates [33, 92, 94]. It is therefore essential to combine novel macromolecular

structures of relevance in processing and state-of-the-art experimental tools in order

to provide useful, reliable experimental information in di�erent �ow histories, toward

a better understanding of the behavior of complex polymers and a critical assessment

of predictive models and their eventual improvement.

In this chapter, we address this challenge and present a combined set of accurate ex-

perimental data with a well-de�ned dendritically branched macromolecule of third and

fourth generation subjected to both nonlinear shear and uniaxial extensional defor-

mation, during both start-up and relaxation upon �ow cessation. We compare these

data against model predictions using BoB. The choice of the particular Cayley-tree

type of structure is motivated by the fact that it is an excellent model for investigat-
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ing the hierarchical role of the branches (with and without free ends, with varying

number and molar mass) in rheology, and represents a next step in complexity from

combs [50, 179]. One well-known, albeit intriguing aspect of such macromolecules is

their rather low zero-shear viscosity and larger level of extension hardening due to

the fact that their very large total molar mass is split into multiple segments (hyper-

branched), each having a small molar mass. Here, we present new data with Cayley-tree

poly(methylmethacrylates) of generations 3 and 4, whose LVE and strain hardening

were investigated before. We show, in particular, the transient extensional data with

steady state values at the large Hencky strains, respective transient shear data, the

Cox-Merz representation, and the relaxation of extensional and shear stresses, along

with the BoB predictions.

5.2 Results and discussion

5.2.1 Linear Viscoelasticity

Details on the molecular architecture of the speci�c PMMA-based Cayley-tree poly-

mers of generation 3 (coded as G3) and 4 (coded as G4) are reported in section 2.1.3.

Supplemental information on the preparation of the samples for rheology and rheolog-

ical measurements are reported in section 2.4. As reference, we present �rst the LVE

data of the two samples in �gure 5.1. The mastercurves are taken from van Ruym-

beke et al. [50, 176] and shifted to the reference temperature Tref = 180°C and are

shown in separate plots in order to better appreciate the BoB predictions. The shift

factors are discussed in [50]. In fact, we have remeasured the frequency-dependent

dynamic moduli at 180°C and our results were identical to those of van Ruymbeke et

al. [50, 176], hence con�rming that the samples were not degraded. We remind here

the main outcome from the linear data (shown in the separate plots of �gure 5.1):

time-temperature superposition works remarkably well, high-frequency data collapse

for G3 and G4 having the same glass temperature (of about 100°C), the plateau G′
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(corresponding to about 102 rad/s) is identical for the two samples and typical of that

of linear atactic PMMA. Continuous decrease of G′ with decreasing frequency re�ects

the dynamic dilution due to relaxation of branches of di�erent generations from outer

proceeding inward [50, 99]. Finally, the terminal relaxation of G4 is slower than that

of G3. In particular, the respective terminal moduli crossover frequencies are 0.005

and 0.03 rad/s. Regarding the nonlinear rheology that follows, the imposed shear and

extensional rates cover a range from 3×10−1 to 10−3 s−1. This is a rather wide range

given the experimental limitations, and at the same time very useful as it encompasses

the transition from rubbery (deformed polymers) to terminal response, respectively.

For Bob modeling, we chose Me = 5000 g/mol (slightly higher than that reported in

[50] and τe = 2.5 ms (consistent with [50] when the experimental temperature of 180°C

is considered). The plateau modulus is indepentently set at 0.98 MPa. Though the

bare molar masses of all segments of the molecules are greater than two entanglements,

the diluted lengths of the inner generation segments are signi�cantly smaller than one

entanglement. However, the relaxation of the inner segments remain dominated by

branch-point friction and constraint release Rouse processes, and a description based

on the relaxation of entangled polymers provides reasonable agreement for the stress

relaxation of the current Cayley-trees. The LVE responses (lines in �gure 5.1 for both

G3 and G4) are predicted satisfactorily. The predicted high frequency regime before

the onset of entanglements substantially deviates from the data, but this is a typi-

cal problem and attributed to both tube-modeling (that does not apply there) and

experiments (segmental dynamics region approached) [102, 181]. Relaxation of each

generation introduces separate features in the linear relaxation (most easily seen in the

phase angle). The predicted features are sharper than the experimental observations.

This may be explained by the inevitable presence of slight polydispersity in molecular

structure, which is not uncommon in complex model polymers [85, 166]. The experi-

mental elastic modulus for G4 fails to reach the terminal slope at the lowest frequency
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Figure 5.1: LVE mastercurves from van Ruymbeke et al. [50], depicting G′ (closed circles),
G′′ (open circles), and tan(δ) (crosses) versus shifted frequency (ω · aT ) at a reference tem-
perature Tref = 180°C for G3 (a) and G4 (b). For both graphs, black lines are predictions
from BoB model (G′, dashed-dotted line; G′′, dashed line; and tan(δ), solid line) [180].
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probed. This likely re�ects the presence of small fraction of side-products [50, 80,

84], as already discussed previously. An important remark concerns the actual relax-

ation which, based on BoB, occurs well after the moduli crossover (due to relaxation

of diluted inner segments), as seen clearly in �g 5.1. In fact, the predicted longest

relaxation times are about 419 s and 1677 s for G3 and G4, respectively. These values

di�er sharply from the inverse G′-G′′ crossover to the terminal region (33.3 s and 200

s). Given the lack of experimental data at low enough frequencies, we shall use below

the terminal crossover as a measure of characteristic terminal time for extracting the

Weissenberg number.

5.2.2 Transient uniaxial extension and shear

Data modeling

Data modeling was carried out by dr. Chinmay Das at the University of Leeds. Details

about the parameters used for the Bob model are given in section 2.4. In �gure 5.2,

the transient data for G3 are depicted. The stress growth coe�cient in �gure 5.2(a)

exhibits strain hardening even at rates as low as 3× 10−3 s−1. This remarkable �nding

con�rms the earlier results of van Ruymbeke et al. [50]. It is interesting to note that

this lowest rate is below the terminal rate for G3 (around 2 × 10−2 rad/s, see �gure

5.1, and of course also below the estimated bare Rouse rates of the dendritic polymer

(about 0.28 s−1) or the outer branch (about 20 s−1) [50]. In the former case, the bare

Rouse time was considered as the time for the molecule to di�use its own size with the

friction given by monomer friction, and estimated as τR = rZ2
totτe = 3.6s, with Ztot

being the total molar mass divided by the entanglement molar mass and r is the radius

of gyration/contraction factor [80]. Note that the expected stretch relaxation time

is much longer than this bare Rouse time, because the important stretch relaxation

process is determined not from monomer friction, but from the friction of branch-point

hopping. The calculation to obtain this longer stretch relaxation time is like a Rouse
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Figure 5.2: (a) Stress growth coe�cient of G3 at di�erent elongational rates (indicated in the
plot) and its relaxation, at 180°C. The black points are data from experiments performed up to
steady state in uniaxial extension. The blue data show data of stress growth up to a certain
value (before steady state) and subsequent relaxation. The black dashed line is the LVE
envelope (from �gure 5.1).(b) Respective start-up data in shear, indicating the time evolution
of the transient viscosity (blue). The black dashed line depicts the LVE envelope. The
viscosity relaxation data are recorded after steady state is attained and �ow is subsequently
stopped (see text). Green solid lines are predictions from BoB model [180].
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calculation, in which the monomer friction is replaced by branch point friction (and

this is the route taken in BoB to calculate the stretch relaxation time). For the sake of

clarity, in order to avoid confusing the two di�erent Rouse times, we refer always to the

Rouse time based on monomer friction as the bare Rouse time (shown in �gure 5.8),

whilst the longer relaxation time is called the stretch relaxation time. Viewed this way,

the latter time is actually the Rouse time of molecule and the dilution is not considered.

Concerning the outermost segments, their Rouse (or stretch) relaxation time is (star-

like) τs = 4Z2
segτe = 0.05 s, with Zseg being the e�ective number of entanglements per

segment. Further and more importantly, we can clearly observe in �gure 5.2(a) that

the steady state is reached at long enough times, hence Hencky strains. The unique

relaxation data in this �gure were collected after stopping the extensional deformation

at the same Hencky strain (εH = 3) for all strain rates investigated, before, however, the

steady state is attained. The respective shear data are depicted in �gure 5.2(b). The

transient shear viscosity exhibits well-known features of polymers [92]. In particular, it

greatly depends on the imposed shear rate. At early times, the data collapse into the

LVE envelope. With increasing shear rate, a viscosity overshoot appears before reaching

a steady state value. The steady state value of viscosity decreases upon increasing

shear rate. The available data do not show any evidence of undershoot before steady

state. Moreover, there is no evidence of strain hardening in shear. The latter was

reported for an entangled solution of multiply branched comb-like polystyrene, having

long branches with about ten entanglements each in the bulk, at Weissenberg numbers

(based on terminal time) of O(104), which were achieved by measuring at di�erent

temperatures [163]. The relaxation data (obtained by stopping the shear �ow once the

accumulated strain reached a value of about 20) suggest that viscosity relaxes faster

in shear compared to uniaxial extension (�gure 5.2(a)). Same remarks hold for the

compiled elongational and shear data of �gure 5.3 for G4 (with the lowest imposed

rate being 10−3 s−1, and the accumulated strain being about 20 for the two lowest and
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25 for the two highest shear rates). Here, the bare Rouse time is estimated to be about

10.6 s. We note further that the absolute values of stress growth coe�cient are larger

compared to G3, and this is expected since the structure of the latter consists of a small

number of segments between branches. In order to predict the nonlinear �ow behavior,

we aim to assign equivalent pom-pom modes [51] that describe the linear relaxation

of the molecules and contain stretch and orientation relaxation times of the molecules

(which are relevant to nonlinear �ow properties). A pom-pom molecule is characterized

by a modulus (g), the maximum stretch that the backbone can support before branch

points start withdrawing in the backbone tube (q is the number of side arms in each

side of the backbone for a symmetric pom-pom molecule), the stretch relaxation time

(τs), and the orientation relaxation time (τ0). In the di�erential version of the pom-pom

model, the preaveraged stretch λ satis�es the following equation [52, 99]:

dλ

dt
= λ K : ST − (λ − 1)

τs
exp

[
2

q − 1
(λ − 1)

]
(5.1)

Here, K and S are the deformation rate and the preaveraged backbone orientation

tensor, respectively. The evolution of the orientation tensor is conveniently described

by the auxiliary tensor A with S ≡ (A/tr(A)) and satisfying the following equation:

dA

dt
= K.A + A.KT − 1

τ0
(A − 1) (5.2)

The stress evolution is given by the following equation:

σ = 3 g λ2(t)S(t) (5.3)

The advantage of using the set of evolution equations (5.1)-(5.3) is that, for both uni-

axial and shear start-up, the evolution of A and hence the orientation tensor S can

be solved analytically. On the other hand, the evolution of the stretch is solved nu-

140 PhD thesis - Salvatore Costanzo



5.2 Results and discussion

Figure 5.3: Respective data of �gure 5.2 for the transient response of G4 in uniaxial extension
(a) and simple shear (b). The same temperature of 180°C, rates and symbols are used, but
di�erent colors (growth depicted in red). Solid pink lines are predictions from BoB model
[180].
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merically. In a multimode pom-pom description, a set of such pom-pom molecules is

considered, and the stress is calculated by a simple sum over stress from each of the

pom-pom modes. The numerical calculation for the linear rheology prediction o�ers

a natural choice to resolve the molecules in terms of multiple independent pom-pom

modes [95, 97]. The parts of the molecules relaxing at a certain time tc have orienta-

tion and relaxation time τ0 = tc; the time at which these parts (segments) can move

coherently with the chain ends de�ne the stretch relaxation time τs. In addition, the

branching topology from the currently relaxing segments de�ne the maximum stretch

of q as the priority variables [182], and the modulus relaxed in this time interval sets

the modulus of the pom-pom mode. Based on the pom-pom model [51], equating the

maximum tension with the tension along the backbone gives a maximum stretch of

q. In the present case of Cayley-trees, we consider any molecular segment between

two branch points being equivalent to an e�ective backbone in a pom-pom molecule.

At each time interval, separate pom-pom modes are used to describe the relaxation

due to chain escape from the con�ning tube and due to the constraint release of the

chains still con�ned in the tube potential at this time. When the �ow rate is much

slower than the stretch relaxation time, the geometric criteria for assigning the max-

imum stretch lead to an over-prediction of the extensional hardening for randomly

branched polymers, hence �ow-dependent modi�cations of the priority variables are

required in order to describe the experimental data [95, 97]. However, the available

approximation for this �ow modi�cation requires vastly di�erent relaxation times (as in

industrial randomly branched low density polyethylene) and is not valid for symmetric

model polymers. Fortunately, at the �ow rates considered, the bare priority is found to

describe the amount of extension hardening reasonably well for the two dendritically

branched polymers considered here. When the �ow is stopped, the stress evolution
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from equation (5.3) is asymptotically equivalent to

dS

dt
= − 1

Bτ0

(
S − 1

3

)
(5.4)

with B = tr(A) [183, 184]. The trace of the auxiliary tensor has no physical signi�-

cance and can become arbitrarily large. We chose to work with the tensor A during

the start-up �ow and construct the orientation tensor S at the beginning of the �ow

cessation. Subsequent relaxation in the absence of �ow is calculated from equation

(5.4) with the choice B = 1. Another commonly used variant of the stress evolution

equations considers B = λ2 [183] that couples the orientation and the stretch evolution

together and requires both of these to be solved simultaneously numerically. The origin

of such a coupling can be rationalized by considering the increase in the reptation time

of the pom-pom backbone in the stretched backbone tube in the absence of constraint

release. Since our pom-pom modes describe relaxation of di�erent parts of a dendritic

molecule, if such orientation-stretch coupling is important, its form should be di�erent

from B = λ2. Here, the choice of B = λ2 does not a�ect the approach to steady

state and predicts only marginally higher steady state values of the stress. The stress

decay, especially at high rates, is delayed signi�cantly compared to the experiments

(and compared to the B = 1 choice used here).

The solid lines in �gures 5.2 and 5.3 depict the predicted uniaxial stress growth/decay

coe�cients for G3 and G4, respectively. Except for the lowest �ow rate for G3, the

stress growth coe�cient for uniaxial extension is described reasonably well. But even-

tually, in all cases, the experimental relaxation becomes much slower than predicted.

The experimental long-time relaxation is approximately power-law decay (linear in

log-log plot). Such a nonexponential behavior may re�ect coupling between di�erent

modes (see also discussion on the parameter B above): The stretches in di�erent seg-

ments of the dendritic macromolecule are coupled, hence describing them as relaxing

University of Crete 143



STRESS START-UP AND RELAXATION IN CAYLEY TREE POLYMERS

independently is not completely correct [99, 173]. Once stretched, the stretch of inner

segments can only relax after that the stretches in the outer segments had already

relaxed. This sets a formidable challenge for future work. We further note that the

start-up shear predictions (in �gures 5.2(b) and 5.3(b)) show signi�cant overshoots ab-

sent in the experimental data. The physical origin of such overshoot in the pom-pom

model is due to stretching of the tubes as they start orienting along the �ow. We

conjecture that the short segments in the experimental system prohibit such stretch

and stress overshoot. The steady state shear stress is described reasonably well. The

stress relaxation after shear cessation is described well except for the high rates for

G4, but as already mentioned, there is a possibility of structural polydispersity in the

dendritic polymers, which can a�ect �ow properties in di�erent ways.

5.2.3 Compilation of data and scaling

A phenomenological analysis of the evolution of material functions in uniaxial extension

and shear is presented in �gure 5.4. A measure of the level of strain hardening achieved

can be obtained by the strain hardening factor SHF , which is de�ned as the ratio of the

stress growth coe�cient η+el(t, ε̇) to the respective LVE value, SHF = η+el(t, ε̇)/η
+
LV E(t)

and is plotted in �gure 5.4(a) for the di�erent values of strain rates used for G3 and G4.

The onset of strain hardening is marked by the departure of SHF from 1. The stronger

hardening of G4 compared to G3 at the same stretch rate is evident. On the other

hand, focusing on the G3 data, there is an unambiguous nonmonotonic dependence

of SHF and in particular its peak value on stretch rate. First, we note that at rates

ε̇ ≥ 0.03 s−1, i.e., above the terminal moduli crossover where segments are not fully

relaxed (�gure 5.1), the SHF is expectedly enhanced with increasing rate. On the

other hand, as the stretch rate decreases below its terminal value, an increase of SHF

is observed. The latter is a consequence of the de�nition of SHF and the shape

of the LVE envelope. Eventually, at lower rates SHF will drop to 1, at the linear
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Figure 5.4: (a) Strain Hardening Factor (SHF), namely the ratio of the stress growth co-
e�cient to the respective LVE value at di�erent stretch rate for G3 (blue) and G4 (red).(b)
Normalized peak viscosity and (c) peak strain at the maximum viscosity as functions of the
Weissenberg number based on the inverse terminal G′-G′′ crossover (see text). In (b) and (c),
we show for comparison data with linear polystyrene LinPS185k, whereas the lines are drawn
to guide the eye (see text) [180].
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envelope. The (fewer) data with G4 are consistent with this picture. The important

message is that these dendritically branched polymers strain harden signi�cantly even

when stretched at rates below their terminal rate, in sharp contrast to linear or star

polymers [185]. Furthermore, in �gure 5.4(b) we plot the fractional overshoot in shear

viscosity η+(t, γ̇)max/η
+(γ̇)steady against WiD, for G3 and G4. WiD is the Weissenberg

number based on a characteristic time τD, extracted from the inverse moduli crossover

frequency as discussed above, WiD = γ̇τD. The viscosity overshoot is a measure of

maximum shear deformation of the dendritic polymers at steady state. For comparison,

we include in this �gure data from the literature [92] with linear polystyrene of molar

mass 185k (about 14 entanglements, see chapter 4). First, we note that at low rates

(up to about WiD = 1) there is no overshoot. We further observe that the data for

both G3 and G4 are very close, almost collapse (given the experimental uncertainties)

and exhibit a di�erent (stronger) dependence on WiD compared to entangled linear

polymers (which exhibit a power-law with exponent 0.25). However, the available

dendritic data are not enough in order to extract a reliable power-law exponent. The

value of shear strain at the viscosity overshoot is plotted against WiD for G3, G4 and

the linear polystyrene in �g5.4(c). First, at low WiD the data are constant, indicating

a saturation of peak strain (which is the maximum instantaneous shear deformation).

For linear polymers this value is 2.3 and known to re�ect segmental orientation as

predicted by the tube model. For comb polymers, this value is also about 2.3 as

reported by Snijkers et al. [54]. For the dendritic Cayley trees here, the available

experimental data suggest a value of 2.6 [�gure 5.4(c)]. Furthermore, with increasing

WiD the peak strain increases, re�ecting stronger deformation (stretching). It follows

power-law with exponent of 0.33 for linear polymers and much smaller (0.1) for both

dendritics. This result re�ects the molecular structure which makes it more di�cult to

deform a Cayley-tree (more) compact structure compared to a linear �exible polymer.

Since the issue of steady state is one of the challenges, we elucidate this further in �gure
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Figure 5.5: Net tensile stress for G3 (blue) and G4 (red) versus Hencky strain for di�erent
values of the imposed Hencky strain rate, at 180°C [180].

5.5, where the tensile stress for both G3 and G4 is plotted against the Hencky strain for

the di�erent values of Hencky strain rate tested (in �gures 5.2 and 5.3). Indeed, this

�gure demonstrates the attendance of steady state for both polymers. Steady state

is reached at lower values of Hencky strain for larger Hencky strain rates. Moreover,

for the two larger rates of G3, one may note the appearance of a broad overshoot.

Such overshoot has been reported for branched polymers [50] but here the limited data

do not allow further discussion. Understanding the extensional overshoot remains a

challenge in the �eld; however, the present polymers are not amenable to the currently

available experimental window. The steady state extensional and shear viscosities

are plotted together versus the respective Hencky strain and shear rates in �gure 5.6,

along with the dynamic viscosity data (versus oscillatory frequency). The latter are

multiplied by 3 (Trouton ratio). It is noted that the empirical Cox�Merz rule validated

for this class of hyperbranched polymers. This is not expected to a �rst sight since

branching contributes to deviations from this rule [186]; however, we note that the
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Figure 5.6: Steady-state data on extensional viscosity (open symbols), shear viscosity
(crosses and stars) and dynamic complex viscosity (solid lines, multiplied by the Trouton
ratio 3) plotted against Hencky strain rate, shear rate and oscillatory frequency, respectively,
on the same axis. Data are shown for G3 (blue) and G4 (red). The dashed lines through the
extensional data have a slope of -0.5 [180].

branches are barely entangled and this may be at the origin of the good agreement

of dynamic and steady shear data. Moreover, both shear/dynamic and extensional

data exhibit thinning with increased rates. In the former case, the shear data follow a

scaling law with thinning slope of -0.7 for both generations, which is smaller than the

usual slope of about -0.82 which has been reported for entangled linear polymers [92,

140]. On the other hand, the extensional data exhibit a thinning slope of -0.5, again

for both G3 and G4, with the latter having higher values (see also �g5.2 and 5.3). This

complies with the BoB predictions and further con�rms earlier �ndings with linear

or pom-pom polymers [169] and is explained in the context of tube modeling [187].

Finally, the shear/dynamic data are always below the respective extensional data, due

to strain hardening in this range of rates (see �gures 5.2(a) and 5.4(a)). Futhermore,

we remark that the extensional data do not show a tendency to overlap the dynamic

and shear data at low rates, as is normally expected. However, it is reported that for
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branched polymers the steady viscosity in uniaxial extension is constant at low stretch

rate (it overlaps with 3η∗), then it exhibits extension thickening and after an overshoot

it thins at higher rates [188, 189], as illustrated in �gure 5.7.

Figure 5.7: Shear and extensional steady state viscosities of branched IUPAC A LDPE from
reference [188] (symbols, experimental data; lines, model predictions).

Based on this, we conjecture that the data of �gure 5.6 are in the thinning regime

past but close to the peak, and they are above the level of the zero-rate viscosity

(not reached) which is expected to coincide with the zero-shear dynamic and shear

viscosities, accounting for the Trouton ratio.

5.2.4 Stress relaxation upon �ow cessation

Figure 5.8 reports the stress relaxation data upon cessation of shear or extensional

�ow, for the two dendritic PMMAs, G3 (a) and G4 (b). In the latter case, stress

relaxation was recorded after cessation of steady shear �ow. In the former case, the

extensional �ow was arrested before (albeit close to) the steady state and at nearly the

same deformation in terms of Hencky strain (values reported in the caption). In the

same �gure, we plot the relaxation modulus G(t) extracted from the LVE data of �gure

5.1. Finally, four dashed vertical lines are plotted, representing the characteristic Rouse

time of an e�ective outer branch/arm (τRArm
) and the whole dendrimer (τRBare

), as well
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as the characteristic terminal times extracted from the low-frequency crossover (τDCO
)

and from BoB modeling (τDBoB
). We observe that the nonlinear stress relaxations in

shear and extension are very di�erent from the linear relaxation. In shear, for a wide

range of times, up to about 1 s, the stress is almost constant (this is more evident in

�gure 5.9 due to di�erent scale). Subsequently, relaxation becomes more pronounced,

and beyond τDBoB
the stress for both G3 and G4 becomes essentially independent of

the rate (i.e., the material loses its memory) and relaxes by linear mechanism as G(t).

Indeed, one expects that after nonlinear deformation polymer reorganizes and relaxes

thermally according to its G(t) in the end. The situation is di�erent for the extensional

data. Similar to the shear case, the net tensile stress relaxation data remain distinct

for di�erent stretch rates at short times, suggesting that the nonlinear induced state

of the material has not relaxed during the experiment, whereas they virtually collapse

(especially for G3) at longer times above τDBoB
. Remarkably, even if at these times

the polymeric response is linear, it is evident from both �gures 5.8(a) and 5.8(b) that

complete relaxation of this stress is slower than G(t). This suggests the strong e�ects

of initial extensional deformation, even at very low stretch rates. Note, in particular,

that the two lowest rates used with G4 (10−3 and 3×10−3 s−1) are below the Rouse rate

of the outer segment, yet strong strain hardening is observed (�gure 5.3) and strong

nonlinear e�ects dominate the subsequent relaxation. It is evident that the extensional

relaxation is much broader than the respective linear and nonlinear shear, and as a

consequence, the extensional stress will relax well after complete relaxation of G(t).

As already noted above in conjunction with the description of the data of �gures 5.2

and 5.3, this interesting e�ect should re�ect the coupling of stretch in di�erent parts

(generations) of the dendritic macromolecule, and is of course much more signi�cant

in extensional deformation, in the examined parameter range. As a result of this

coupling, the stress relaxation upon cessation of uniaxial extensional �ow is expected

to be substantially delayed. For completeness, we note that a similar behavior was
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Figure 5.8: Stress relaxation of G3 (a) and G4 (b) as a function of time. Interval time is
the di�erence between the absolute time and the time when relaxation starts. Blue curves are
for the relaxation of G3 (a) and red curves for G4 (b) after extension. Black curves show the
relaxation after shear in both cases. The applied rates and accumulated strain at cessation
of �ow are: (a) for shear, from top to bottom 0.3, 0.1, 0.03 and 0.01 s−1 (20 strain units for
each shear rate); for extension, from top to bottom: 0.1, 0.03, 0.01, and 0.003 s−1 (3 strain
units for each extension rate). (b) For shear, from top to bottom at short times 0.03, 0.01,
0.003, and 0.001 s−1 (25 strain units for each shear rate); for extension, from top to bottom
0.03, 0.01, 0.003, and 0.001 s−1 (corresponding strain units: 2.1, 2.2, 3, and 4.5, respectively).
The relaxation modulus curve of the respective dendritic polymer is reported in both �gures
as a reference (gray line). The characteristic Rouse times of the outer branch (τRArm

) and the
whole molecule (τRBare

), as well as the characteristic terminal times from the low-frequency
crossover (τDCO

) and from BoB modeling (τDBoB
) are reported as reference (see text) [180].
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reported recently for bidisperse blends of long and short linear polystyrenes undergoing

relaxation after uniaxial extension was stopped [178]. In particular, for a blend of 50%

short (seven entanglements) - 50% long (41 entanglements) linear polystyrene chains,

the elongational stress relaxation exhibited power-law with an exponent of about −1

and appeared slower than that of either components. This was attributed to the

remaining, persistent �ow induced orientation of initially retracted long chains in a

sea of relaxed short chains. The analogy with the present work is that the induced

orientation can be considered as coupling of stretch in di�erent chains. Concerning

the present data, given the small range of times, we refrain from considering power-

laws. Unfortunately, we do not have independent information of the �ow-induced

stretching in di�erent generations and respective relaxation upon �ow cessation (in

fact, very limited data exist in general [168, 171, 190]), since this requires deuterated

samples which are not currently available. To further elucidate the di�erent relaxation

after shear and extensional �ow, we represent the data of �gure 5.8 in normalized

form in �gure 5.9. In particular, the decreasing transient stresses σ−el(t) for extension

or σ−(t) for shear are normalized by the corresponding values of extensional stress

growth coe�cient when extensional �ow was stopped (at almost the same value of

Hencky strain εH = 3 for G3 and steady stress for G4) or shear stress at steady state

(albeit at constant shear strain of 20). The broader and slower relaxation of extensional

stress compared to shear stress is unambiguous for both G3 (a) and G4 (b). We note

further that elongational �ow (with zero vorticity tensor) deforms the polymer more

severely than shear, despite the lower strain. Concomitantly, the viscosity is much

higher in the former case due to hardening (�gure 5.6). Concerning G4 (�gure 5.9(b)),

the relaxation is slower compared to G3 (�gure 5.9(a)) and again broader relaxation

in extension as opposed to shear is evident. Although the data can be agreed in this

context, for quantitative analysis further work will be required in the future, especially

accounting for the coupling of stretches as mentioned above.
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Figure 5.9: Data of �gure 5.8 normalized by the respective values of shear stress or stress
growth coe�cient when shear or extensional �ow was stopped (see text). Characteristic times
are reported for reference as in �gure 5.8 [180].

University of Crete 153



STRESS START-UP AND RELAXATION IN CAYLEY TREE POLYMERS

5.3 Concluding remarks

We have investigated the growth, steady state and subsequent relaxation of viscosity

during uniaxial extensional and shear deformation of model, well-characterized Cayley-

tree PMMA structures of third and fourth generation, having short, equal branches

(about 2.4 entanglements each). The experimental data were obtained with the state-

of-the-art instrumentation (FSR and CPP). The extension and shear rates cover a

range extending from LVE terminal relaxation to rubbery regime. Despite the small

values of the imposed rates, signi�cant strain hardening was observed. At the same

time, viscosity overshoots signaled the deformation of these polymers in shear as well.

Extensional relaxation is broader and slower than in shear. The latter is di�erent from

that of the linear stress (or relaxation modulus G(t)) but at long times it appears to

approach it. The unusual relaxation of viscosity upon cessation of uniaxial extensional

is consistent with a stronger deformation in extension and the related strain hardening.

The BoB framework based on independent pom-pom modes describes the experimental

data in linear and nonlinear shear (growth and relaxation) and extension (growth and

initial relaxation) reasonably well and without �t parameters. This is remarkable

considering the fact that a segment between two branches in these molecules is less

than three entanglements long. The slow relaxation upon cessation of extensional

�ow may re�ect coupling of the stretches in di�erent generations. To describe it, the

pom-pom modes cannot be considered as independent, hence a modi�ed model should

be considered. Whereas this calls for further investigations, it shows a way to use

strong �ows for tailoring properties of polymeric materials and e�ectively enhancing

their elastic memory. Furthermore, there is unambiguous evidence of steady state

in extension. The small molar mass of branches appears to be responsible for the

validation of the empirical Cox�Merz rule. At the same time, the high-rate regime in

extension follows a thinning slope of -0.5 in accordance with predictions and �ndings
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with linear and branched polymers. This power-law is virtually followed by the shear

data as well. In general, at �rst sight it is a surprise that BoB does such a good job in

predicting the linear and non-LVE of such a polymer with barely entangled branches.

We attribute this to the di�erence in the strength of the entanglement constraints

at the branch point as opposed to the respective linear entangled polymers. This

ensures that the dynamics of the inner segments remain dominated by the branch-

point friction instead of the monomer friction and a framework based on the well-

entangled polymers continues to capture the relaxation of unentangled (in the dilated

tube) inner segments. In fact, the present case may be thought of as the limit of

validity of the BoB model. The present work should motivate further investigation

with similar systems, both in experiments and theory, in order to test the stretch

coupling conjecture and predict viscosity relaxation consistently in shear and extension

and eventually advancing constitutive modeling. At the same time, measurements of

polymer conformation in situ or ex situ (by quenching deuterated samples below glass

temperature during �ow and analyzing them via Small Angle Neutron Scattering) and

attempts to probe nonlinear material functions (including normal stresses) at higher

rates will further advance the �eld.
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Chapter 6

ASSOCIATIONS AND TOPOLOGY

IN DENDRONIZED POLYMERS

6.1 Introduction

Dendronized polymers [57, 87, 191, 192] (DPs) combine the concepts of polymers and

dendrimers and can be considered as promising candidates for applications in emerging

�elds of technology involving nanocarriers [193], bioconjugates [194, 195] or catalysis

[196]. The ability to tailor a polymer's e�ective thickness and functionality in a con-

trolled and well-de�ned manner sets DPs apart from conventional polymers but makes

them somewhat similar, albeit not identical, to bottlebrush polymers [56, 197�199]. It

turns out that thickness a�ects liquid crystalline transitions in semi-�exible polymers

[200]. This is an inherent molecular parameter in DPs which possess a modular struc-

ture. An e�cient strategy for the preparation of DPs with a minimum of synthetic

steps relies on the use of bi-, tri-, or multifurcated dendritic building blocks in a step-

wise, repetitive reaction sequence. The grafted structure on each repeat unit, which

represents the e�ective thickness between the polymer backbone and the periphery, is

referred to as the dendron generation, g. Hence, the representatives of such a homol-

ogous series allow for systematic, generation-dependent studies of structure-property

relationships. To be consistent with earlier studies, we call this series PG (polymer gen-

eration) and identify them by their respective g and degree of polymerization, Pn. Note
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that in DPs, besides Pn and g, there is the functionality of junctions (i.e., molecular

structure of dendrons) as an additional parameter that does not exist in bottlebrushes

(see �gure 6.1 for the di�erent structures).

Figure 6.1: Cartoon illustration of (a) comb, (b) bottlebrush, (c) wedge and (d) dendronized
polymers.

DPs are more compact than bottlebrushes because dendrons induce larger steric

crowding around the backbone compared to linear chains; hence their width is better

de�ned. There is also the possibility to insert functional groups at di�erent grafting

points of the inner part of the molecules by suppressing the growth of one side of

the dendritic branches. Moreover, unlike bottlebrushes, where the volume of the side

branches increases linearly with length, in DPs the dendritic branches experience a

2g increase of mass and hence of their volume. As a result, the increase of the de-

gree of local packing (and persistence length) upon increase of the length of the side

branches is much more dramatic. Therefore, DPs are more tunable than bottlebrushes.

It has been proposed that the rheology of DPs is dominated by the strong intermolec-

ular interactions, which are enhanced with increasing generation, at the expense of

intramolecular ones [108]. These interactions arise from hydrogen bonding and π − π

stacking of di�erent groups [108, 201]. Variation of g and Pn appears to be a promising

strategy for investigating the interplay of the interactions in DPs and tailoring their

rheological response. So far, only the e�ect of g on linear viscoelasticity of DPs with

constant Pn has been examined. It was found that increasing g strongly enhances the

viscoelastic moduli and reduces their frequency dependence over an extended frequency
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Figure 6.2: Schematic illustration of possible structures of dendronized polymers as a func-
tion of the key structural parameters, namely, the degree of polymerization of the backbone,
Pn and the generation number of the dendrons, g. When branches are linear chains, the
condition g = 1, Pn = 1 correspond to star polymers and the conditions g = 1, Pn > 1
correspond to comb or bottlebrush polymers. In general, the length of the e�ective side chain
is proportional to g [202].

range [108]. By systematic variation of both g and Pn it is possible to map the prop-

erties of macromolecules into the diagram shown in �gure 6.2 and, in principle, tailor

their properties only with these two parameters. Here, we restrict the present discus-

sion to the bulk behavior in the melt. We illustrate here the changing macromolecular

conformation which allows spanning the range from branched oligomeric structures

(low g, low Pn), to �exible polymers akin to shortchain branched systems (low g, large

Pn), to colloidal molecules with shape slightly and gradually departing from spherical

(large g, low Pn), and to semi-�exible wormlike moecules(large g, large Pn). One may

already appreciate the functional character of DPs and ability to selectively span the

gap between polymeric and colloidal behavior. In this regard, the sequential mode of

DP synthesis enables access to potentially monodisperse side chains and much more

sterically encumbered structures, which sets them apart from bottlebrush polymers,
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for which only the low-g region of �gure 6.2 is relevant. The main challenge is to link

this qualitative plot with properties so as to obtain the needed information for design-

ing complex macromolecules with desired response. In this chapter we address this

challenge and investigate systematically the role of combined variation of g and Pn on

the structural and rheological properties of DPs. The synthesis and characterization

of the chosen series of DPs is presented in section 2.1.4. Here, we present detailed

experimental work involving rheology and X-ray scattering, and interpret the results

with the support of simulations. Supplemental information about experimental pro-

cedures (i.e., di�erential scanning calorimetry, gel permeation chromatography, X-ray

scattering and rheology) and simulations are given in section 2.5.

6.2 Results and discussion

6.2.1 Di�erential scanning calorimetry

All DPs in this study (Table 2.2) are amorphous materials featuring clearly visible

enthalpy steps at the glass temperature. At room temperature, the DPs are in a glassy

state. Figure 6.3 illustrates their compiled Tg values, which are obtained from the

second DSC heating runs.

The steps in the DSC traces (i.e., PGs with Pn = 1500 in �gure 6.4) re�ect changes

of enthalpy with increasing generation, consistently, suggesting that lower speci�c heat

and smaller heat �ow are involved in the liquid-to-glass temperature of higher gen-

erations. In addition, the width of the glass temperatures appears to increase with

generation, which may be better seen in the di�erentiated DSC traces and is in accor-

dance with respective data obtained for similar systems [203]. Previous MD simulations

[108] suggested that in the present DPs the radial distribution of the terminal (end)

Boc groups around the backbone exhibits a maximum, which clearly shifts toward the

periphery with increasing polymer generation. Consequently, it can be argued that the

prevailing fraction of terminal Boc groups resides near the outer surface (periphery)
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Figure 6.3: Glass temperatures of DPs as a function of Pn and g. The lines are drawn to
guide the eye [202].

of the DPs. This can be rationalized especially at higher generations by the enhanced

crowding that makes back-folding less probable. In light of the above, attributing the

variation of the Tg values to the corresponding changes of the molecular structure, as

is the case for conventional branched [204] or hyperbranched polymers,[203�205] seems

tempting. Hence, we provide a rationalization of the results here, without accounting

however for the fact that the segments between branching points in the present DPs are

very short and the peripheral end groups in particular are involved in intra- and inter-

molecular bonding interactions. For linear amorphous polymers, the glass temperature

originates from short-scale cooperative segmental motions and re�ects the rigidity of

the backbone. In DPs, however, the glass temperature may be a�ected by various

parameters, such as the nature and number density of the branching points and the

compactness of the structure, the number and chemical properties of the peripheral

end groups, and the strength of bonding interactions [112]. Here, both the number

of branching points and the number of end groups increase with generations. From

a dynamic point of view, end groups and branching sites a�ect the glass temperature

in opposite directions: Increased branching reduces the local segmental mobility due
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Figure 6.4: DSC traces for the samples PGs with Pn = 1500.
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to denser packing and, hence, contributes to an increase of Tg. On the other hand, a

larger number of dangling end groups enhances local �uctuations, and therefore the

glass temperature decreases [203, 206, 207]. In the present PG1, PG2, and PG3 series,

Tg increases with generation and eventually levels o�, which is in line with existing

reports showing that Tg increases with g approaching a �nal value, and no signi�cant

changes are found after approximately the fourth generation [108, 204, 207]. The satu-

ration of Tg re�ects increasing backbone rigidity due to the bulky pendant side groups

in these DPs and can be considered analogous to the respective saturation with molar

mass in linear polymers and dendrimers [208�210]. In addition, the presence of pe-

ripheral Boc and phenyl groups that engage in intra- and intermolecular bonding is

arguably responsible for the increase of Tg with generation. In fact, WAXS data (dis-

cussed below) indicate the presence of very broad short-range correlations (typically at

scale of about 0.35 nm), which provide indirect support to this argument. Moreover,

various studies on the thermal behavior of dendrimers [206, 207] and other branched

polymers [211�213] have shown that the nature of the chain ends signi�cantly a�ects

the Tg of dendritic macromolecules, with increases in chain-end polarities generally

causing an increase in Tg values. Hence, dense branching and bonding groups reduce

local mobility. As a consequence, the distribution of the local relaxation times and con-

comitantly the glass temperature are a�ected, as also supported by MD simulations

[214]. In addition to the role of dendron generation and peripheral end groups, an in�u-

ence of the backbone chain length on the e�ective glass temperature is also observed.

This holds unambiguously true for the PG1 series, whereby the samples comprising

the smallest degrees of polymerization (nominal Pn = 50 and 300) are characterized by

lower Tg values by approximately 10 and 5°C, respectively. We note that the reduced

Tg in samples with lower Pn is a well-known feature of linear polymers and attributed

to the enhanced backbone mobility due to the presence of main-chain ends. In this re-

spect, PG1 series bear similarities to linear polymers. However, in PG2 and especially
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in PG3 series, this feature is absent; i.e., Tg becomes independent of chain length. This

is a consequence of the increased backbone rigidity even in the samples with the lowest

degrees of polymerization. The backbone rigidity is expected to a�ect the degree of

chains packing and will be discussed with respect to the X-ray results below. One

important advantage of our present polymers is that the degree of polymerization in

each homologous series remains almost constant, which allows for systematic investi-

gation of properties as a function of generation (�gure 6.2). Combined with the range

of backbone lengths of the synthesized polymers, a separation of the e�ects resulting

from variation of generation and degree of polymerization is in fact possible, and the

results of �gure 6.3 demonstrate that thermal properties can be tailored via generation

growth and backbone length of the DPs.

6.2.2 Equilibration kinetics

One intriguing aspect of the molecular dynamics of dendronized polymers is their very

long equilibration time [201]. As already mentioned, their synthesis is carried out in

a dilute environment where the probability that the polymers form supramolecular

bonds is very small. After the synthesis, the solvent is removed through a freeze-

drying process which does not imply any increase of concentration of the reaction

medium and thus does not allow molecules to interact with each other to a large

extent. Therefore, DPs are far from equilibrium, and undergo physical aging. Above

Tg, the molecules have enhanced mobility, tend to reduce local density gradients due

to their monomer density pro�le (via partial interpenetration of the dendrons), and

form supramolecular bonds as well [108]. Note that. as shown by simulations in accord

with literature [108], the density pro�le indicated a gradient in monomer density which

yields interpenetration in the melt. While the radial density pro�le is �at (plateau)

at small distances, it decays within decreasing distance to the outer surface. Because

of interpenetration, the total density is basically constant (in the melt). There is a
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Figure 6.5: Results of equilibration kinetics dynamic time sweep tests of sample (a) PG2-
2000 at T = 100°C, angular frequency ω = 1 rad/s, and strain γ0 = 1% (here, G′ < G′′) and
(b) PG2-3000 at T = 100°C, ω = 1 rad/s, and γ0 = 1% (here, G′ > G′′) [202].

clear distinction between radial density pro�le and density. The equilibration process

was monitored by measuring the temporal evolution of the dynamic moduli in the

linear regime. In order to fully equilibrate the samples in the rheometer, we annealed

them for a very short time. Moreover, loading of the samples into the rheometer

was performed as fast as possible: each sample was loaded and squeezed between the

measuring plates, and then after 20 min of thermal equilibration in the instrument, we

performed a strain sweep test to assess the linearity range. Subsequently, we carried

out a time sweep test in order to follow the equilibration process. Typical equilibration

curves are shown in �gure 6.5. We attribute the observed unusually long equilibration

times to the above-mentioned weak interpenetration of the dendrons (at the level of the

outer generation). Given the structure of the dendrons, this is a complex, cooperative

process involving multisegmental local motion/rotation. To reach equilibrium, spatial

rearrangement at large length scales (comparable with the length of a dendron) is

necessary. For this reason, the time required for a complete equilibration is of the

order of 20 hours at 30°C above the glass transition temperature. However, for PGs,

the presence of bonding provides a directionality and, at the same time, limits the area

of the cooperative interpenetration process since the local motion of dendrons is more

restricted given the barrier from the bonding (see �gure 6.10). This should result in a
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Figure 6.6: Simulated radial volume fraction pro�les for the homologous series PG1-50 (a),
PG2-50 (b), and PG3-50 (c) [202].

faster equilibration compared to unfunctionalized dendronized polymers [215].

6.2.3 Molecular interactions from simulations

Simulations of DPs were carried out by dr. Martin Kröger at ETH, Zurich. As ex-

plained in section 2.5, all simulations were performed for the Pn = 50 homologous

series; hence we discuss here the e�ect of g. Figure 6.6 depicts the monomer density

pro�les for g = 1, 2, and 3. It is evident that DPs exhibit a g-tunable polymeric brush

behavior, becoming more compact objects (toward molecular colloids) as the gener-

ation increases. Moreover, the decrease of (intramolecular) monomer density toward

the periphery of the DPs explains the interpenetration in the melt, necessitated by the

need to reduce local density �uctuations [108, 201]. In addition, here intermolecular

interactions (discussed below) take place. It should be noted that the sum of intra-

and intermolecular densities leads to a uniform density pro�le. The volume fractions

are unrealistic, as we are considering a system of hard spheres. Actually, the melt

density of the hard sphere system was chosen so that the probability for not discarding

a whole con�guration by the above procedure was below 1%. We varied this criterion,

and all results were found to be insensitive to the precise value, as long as it does not

exceed 1%. Larger values correspond to the situation encountered in dilute solution.

The emerging picture is further elaborated in the snapshots of �gure 6.7 where single

DPs of di�erent generations are shown (top) and the respective compactness of PG3-50
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(more colloid-like) compared to PG1-50 (polymer-like) can be appreciated. Further,

Figure 6.7: Top: snapshots of single DPs from the homologous series PG1-50 (a), PG2-50
(b), and PG3-50 (c). Bottom: respective cross-sectional view in the melt with constant bulk
density. Positions (pos) are in nm. Note that we plot the unfolded DP for all shown boxes
successively on top of each other to be able to still see the unwrapped molecule. The melt
density is �xed by the volume of the central simulation cell and the number of hard spheres
it contains (see text) [202].

when such DPs are in the melt, they indeed interact at the periphery as seen in the

cross-sectional view of �gure 6.7 (bottom), leading to a uniform bulk density. We

simulate a single DP in a simulation box with hexagonal cross section and periodic

boundaries by the procedure discussed in section 2.5. To visualize this system, we
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Figure 6.8: Indicative pair-distance distribution for PG2-50 potentially interacting pairs (a)
benzene-benzene (π−π stacks), (b) donor-acceptor (hydrogen bonds), and (c) Boc-Boc. Both
intra- and intermolecular interactions are determined. The radial distance is calculated from
the backbone toward the periphery of the DP. The lines represent the product of distance and
radial volume fraction pro�le, that is, the unscaled radial volume fraction, to be able to rate
the location of the maxima relative to the location where most of the material resides [202].

show in �gure 6.7 the periodic images in addition with the central simulation cell. All

hexagons have identical volume fractions. This is not visible, as we plot one unfolded

box after the other on top of each other, to be able to see the unfolded DP. The intra-

and intermolecular associations in the melt can now be determined accurately.

Figure 6.8 depicts indicative results for PG2-50 in terms of fractions of the total groups

of the macromolecules that participate in di�erent types of bonds (benzene, i.e., π− π

stacking or hydrogen bonding or Boc, in the dendron ends). Note that for these calcu-

lations a critical threshold distance below which two neighboring groups are considered

a pair was used (note that because this model has hard sphere interactions only, there

is no interaction energy upon bonding). The main information is thus in the shape of

the curves and relative numbers, while the absolute fraction will depend on the choice

of the is a pair criterion; hence we call them potential interacting pairs. Further,

in this �gure one may appreciate the distribution of associations of di�erent origins

and in particular the interplay of intramolecular (which dominate the inner part of

the DP) and intermolecular (mainly in the outer part) bonding. The predominance

of intermolecular bonding in the periphery corroborates the suggestion (based on the

molecular structure) that interpenetration among DP does not proceed very deeply

into the dendrons (complying with the �ndings of ref [108]); it appears rather limited
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to the outer segments (not necessarily terminal groups only). This is particularly ev-

ident in the bonding due to the external Boc groups (c). It is important to note that

the fraction of the benzene π−π bonds is extremely small (there is a factor 10−3 on the

vertical axis in plot (a)). This small fraction is anticipated, given the particular ori-

entation needed to stacking interactions [201], which is unfavorable in these DPs, and

moreover it explains why there is no relevant signal in the X-ray scattering data (see

below). The maximum fractions for benzene bonds are about 0.6%, for hydrogen bonds

about 7%, and for Boc about 1.2%. These relatively small numbers and predominance

in intermolecular bonding in the outer part of the DPs are in qualitative agreement

with experiments and support the Velcro type of picture proposed (see �gures 6.10 and

6.22). Figure 6.9 depicts typical results from the analysis of local order in the melt.

Figure 6.9: (a) Pair correlation function g(r), calculated from the full polygons de�ning the
backbone of diameter D, as a function of reduced center-to-center distance r/D, for polymers
of given sti�ness (K = 10, lp/D = 9.1517), at di�erent number of repeat units Pn. (b)
Respective orientational order parameter S2(r) [202].

Note that these results were obtained by a model of semi-�exible chains with ex-

cluded volume in a dense melt. Pair correlation functions for polymers of a given

sti�ness and varying degree of polymerization are shown in �gure 6.9(a). Evidently,

correlations increase with chain length. They are also enhanced with sti�ness. In �gure

6.9(b), we plot the respective orientational order parameter S2(r), i.e., the mean second

Legendre polynomial, S2 = (3/2) 〈P2(u1,u2)〉 of the scalar product of two segment unit
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vectors u1 and u2 at their center-to-center distance r. For perfectly parallel segments

we have S2 = 1, whereas for randomly oriented segments S2 = 0. We observed that the

orientational order is more pronounced for longer backbones and varies with sti�ness

especially at short distances. These results support the �ndings of X-ray scattering

concerning local orientational order and rheology concerning Velcro-type e�ects of Pn

on viscoelasticity (see also relevant discussion below). Here we show indicative results

for one pair of (K, lp) values. Note that while theoretical works exist that discuss the

dynamics, length scales, and sizes of polyelectrolyte chains in dilute solution [216], we

are not aware of a simple model that could represent the neutral, thick DP and produces

a tangent-tangent correlation function unlike that of a semi-�exible chain. Because the

sti�ness of the dendron-free backbone is irrelevant, we expect a single length scale (the

persistence length), as discussed in related works [86, 217, 218]. Hence, the adopted

simplistic consideration of semi-�exible chains with excluded volume can be thought as

a good �rst attempt to model DPs. In Figure 6.10 we provide a schematic illustration

of the proposed interactions of two neighboring DPs based on simulation results. Such

a situation is consistent with the Velcro-type e�ect.

6.2.4 Spatial organization of DPs from SAXS and WAXS

X-ray scattering measurements were performed by prof. Floudas at the Max Planck

Institute (Mainz). They were carried out with both fresh and aged (i.e., long annealed)

PGs samples and showed practically no di�erence. Figure 6.11 compares the di�rac-

tion patterns from PG1 and PG2 generations with the same degree of polymerization.

The peaks at small and wide angles re�ect backbone-backbone correlations and van

der Waals distances, respectively. Backbone-to-backbone correlations increase with in-

creasing generation whereas van der Waals correlations remain unchanged. In addition,

the narrower small-angle peak for the higher generation reveals increased lateral cor-

relations with a possible liquid crystalline underlying order. The correlation distances
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Figure 6.10: Schematic illustration of intra- and intermolecular DP associations and the
Velcro e�ect between neighboring dendrons (PG3). Hydrogen bonding (H) is promoted via
carbonyl and amide groups (in yellow), particularly on the outermost branches where Boc
groups are present (red). In addition, π − π interactions are in principle also possible via
aromatic rings (in blue). Top and bottom lines represent the backbones of the interacting
DPs. Note that most interactions appear roughly in the middle of the backbone-backbone
distance, in the region of the outer peripheries of the weakly interpenetrating DPs [202].
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Figure 6.11: Wide-angle X-ray scattering intensity distribution of two DPs as a function of
the scattering vector at 303 K. Arrows indicate the low-q scattering peaks (see text) [202].

corresponding to the small-angle peak (i.e., backbone-to-backbone correlations) as a

function of the degree of polymerization for the three generations are shown in Figure

6.12(a). Correlation distances are obtained as d = 1.23 × 2π/q, where the factor 1.23

accounts for nearest neighbor correlations only [219]. Correlation distances correspond-

ing to backbones as a function of the molecular mass of the polymer repeat unit are

shown in Figure 6.12(b).

Lines with slopes of 1 and 1/2 are indicated that correspond to a layered (1-D) or

columnar (2-D) arrangement of backbones [219�221]. The data for the three genera-

tions suggest the latter arrangement. Hence, the emerging picture of molecular packing

is of backbones with a columnar arrangement and with improved backbone-to-backbone

correlations with increasing Pn. As mentioned, this picture is further supported by the

simulations. We note that in WAXS we do not see speci�c local interactions such as

π−π stacking. Indeed the WAXS patterns for all the samples were nearly isotropic (see

example of �gure 6.13. We attribute this to the small fraction (and related scattering

intensity) of the pairs of bonded groups.

On the other hand, as mentioned, X-ray scattering reveals well-de�ned backbone-

to-backbone interactions and only short-ranged and broad local interactions, providing
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Figure 6.12: (a) Correlation distances corresponding to the small-angle peak (i.e., backbone-
to-backbone correlations) as a function of the degree of polymerization for the three genera-
tions. (b) Respective correlation distances corresponding to backbones as a function of the
molar mass of the polymer repeat unit, Mrepeat. Lines with slopes of 1 and 1/2 are indicated
that correspond to a layered (1-D) or columnar (2-D) arrangement of backbones (see text)
[202].

Figure 6.13: Example of isotropic WAXS pattern (sample PG2-3000 at 303°K).
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further support to the emerging picture. For completeness, we note that we did not

check for longer-range correlations. However, the present data (notice that the lower q

value is 1 nm−1, and hence the length scales captured are longer than in usual WAXS

measurements from the literature) exclude correlations of up to 7 nm, meaning that if

such correlations exist they need to be longer than 7-8 nm.

6.2.5 Linear viscoelasticity

Figure 6.14 shows the linear viscoelastic response of the aged (i.e., quasi-equilibrated,

according to the equilibration protocol described in section 6.2.2) DPs. The master

curves of the same series are presented at the same distance from the glass temperature,

Tg. Moreover, for clarity of presentation, the plots are vertically shifted as indicated in

the corresponding �gures. The linear rheological behavior of the DPs from generation

1 to 3 re�ects the role of the two key structural parameters, namely, the degree of

polymerization of the backbone Pn, and the number of generation of the dendrons, g.

Given a �xed value of g, an increase of the degree of polymerization translates into

longer molecules and directly enhances the ability to form entanglements and, more

importantly here, the number of intermolecular bonds. Moreover, as shown by sim-

ulations on DPs with Pn = 50 and con�rmed by the X-ray study, the competition

between intra- and inter-molecular interactions turns into favor of the latter as Pn in-

creases with improved backbone-to-backbone correlations. Hence, an increase of the

degree of polymerization acts in the direction of e�ective reinforcement by means of

enhanced intermolecular corrections akin to a Velcro e�ect (see �gure 6.22). We note

for completeness that the high-frequency data with g = 1 and Pn = 1500, in �gure

6.14(a), su�er from transducer compliance e�ects and could not be improved due to

the low amount of available sample, but this does not a�ect the overall response and

comparison with other DPs that follows. At �xed Pn, an increase of g has contrasting

e�ects. On one side, by increasing the generation, the persistence length of the molecule
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Figure 6.14: Linear viscoelastic master curves of the dendronized polymers at the same
distance from glass temperature: generation g = 1 (a), generation g = 2 (b), and generation
g = 3 (c) (degree of polymerization: red, Pn = 50; blue, Pn = 1500; green, Pn = 2000; black,
Pn = 3000; G′ open triangles, G′′ open squares). The master curves have been vertically
shifted for clarity (shift factors are indicated in the panels) [202].
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is increased [58] as also suggested by the X-ray data. This results in fact in larger en-

tanglement molecular weight and concomitantly smaller number of entanglements for

the same macromolecule. This concept relates to the macromolecular thickness and

is consistent with the packing length analysis of Fetters and co-workers (for Gaussian

chains) [14]. It is worth mentioning here that if we ignore the intermolecular corre-

lations and bonding interactions, application of the Kavassalis-Noolandi analysis [70,

71] and packing length considerations (as done recently for dense bottlebrushes [56]) to

the present DPs suggests that the entanglement degree of polymerization Pe is between

1500 and 3000;

Concerning the Kavassalis-Noolandi analysis, we attempt at a simple analysis of

the entanglement molar mass of DPs by ignoring correlations and bonding interactions.

Evidently, this analysis is idealized and does not apply to the experimental system at

hand, but it is aimed at assessing the role of thickness on the ability of such systems

to entangle topologically in the absence of other interactions. The Kavassalis-Noolandi

theory for entanglements in polymer systems states that the number of Kuhn segments

between entanglements, Ne is not constant but it increases with the molecular weight

of the polymer, approaching a constant value in the limit of in�nitely long chains. In

such a case, the asymptotic value of Ne is given by the following equation:

lim
N→∞

Ne =
[
6
(
Ñ + 1

)
/πΦ

]2
(6.1)

where Φ is the volume fraction of the polymer and Ñ is the coordination number, a

geometrical parameter which accounts for lateral constraints to the motion of a polymer

chain in the entanglement volume. In other words, the parameter Ñ can be regarded as

the number of segments of length Ne included in the sphere spaced by an entanglements

strand. Here we consider dendronized polymers in the melt state and then we assume

Φ = 1. Provided that dendronized polymers are thick molecules we expect a lower
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value of Ñ compared to conventional linear polymers (usually 20). For this reason, a

typical value of Ñ for DPs could be 2 and from equation (6.1) we obtain:

lim
N→∞

Ne = [6(2 + 1)/π]2 ≈ 30 (6.2)

Given a persistence length of the order of 10 nm for PG1-3, we obtain a contour length

between entanglements, le = 30×10 = 300 nm. The length of the repeating unit of the

DPs coincides with the length of the repeating unit of PMMA, which is approximately

0.25 nm. At Pn = 1500 this gives a contour length of the molecules of 375 nm. Then

scenario based on the Kavassalis-Noolandi analysis, is compatible with the onset of

entanglements between Pn = 1500 and 3000.

Moreover, considering the plot of �gure 1.16, the packing length p of DPs is beyond

10 Å, yielding a value of Me of the order of 106 g/mol. This would imply a value of

Z = 2− 3 entanglements for Pn = 3000.

Therefore, we do not have topological entanglements in the classic sense here.

DPs of generations 1 and 2 are relatively �exible polymers exhibiting similarities

with structurally similar systems such as bottlebrush and wedge polymers. For these

polymers with no interacting groups, an elastic plateau is observed at low frequencies

and is much lower than that of the backbone (because of the large values of the persis-

tence length and entanglement molecular weight), yielding supersoft and superelastic

melt properties [56, 199]. Here, however, bonding interactions (dependent on g and

Pn) are primarily responsible for the values of viscoelastic moduli. The intermediate

frequency region of the viscoelastic spectrum of these systems describes the behavior of

the side branches which undergo self-similar dynamics between Rouse and Zimm (the

slope of the curves is between 0.5 and 0.7 in the intermediate frequency range). This

type of dynamics is not unusual in hyperbranched polymers [222] and attributed to

their fractal nature (due to branching). A weak elastic plateau Gp is instead observed
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in the low frequency range which, based on the classic entanglement picture (i.e., in

the absence of interactions other than entropic), re�ects a large entanglement molar

mass (Me ∼ G−1p and the fact that eventual macromolecular mobility occurs at even

lower frequencies. An interesting feature of DPs of generations 1 and 2 is the sys-

tematic increase of the low frequency elastic plateau as the degree of polymerization

increases. Therefore, the dependence of Gp on Pn is a consequence of the addition of

bonding interactions. In particular, hydrogen bonding and π−π stacking will increase

the plateau modulus via an enhanced number density of physical bonds n [223]:

Gp ∼ ρRTM−1
e + nkBT (6.3)

The number density n should be of order 1024 for PGs. As already mentioned, these

interactions take place largely at the periphery of the DPs; hence they depend on

Pn. The net result is a plateau modulus that depends on molar mass. In light of

the above discussion, the viscoelastic response of DPs in �gure 6.14 is attributed to

the enhanced correlations with increasing Pn. Within the range of Pn investigated,

a clear rheological transition from weakly correlated, unentangled-like (Pn = 50) to

strongly correlated regime akin to network-forming (Pn = 1500-3000) is observed. By

analogy, linear polymers exhibit a transition from unentangled to entangled behavior,

characterized by a broadening of the elastic plateau region and a clear separation of the

moduli beyond the crossover corresponding to the equilibration time of an entanglement

strand.

From the above it is evident that the combined information from rheology, X-ray

scattering, and simulations suggests that the moduli enhancement with Pn re�ects

increased intermolecular interactions. We note further that increasing g from 1 to 2

a�ects the values of the moduli in the intermediate frequency region. In fact, PG1 is

a viscoelastic liquid with G′ > G′′, while for PG2 G′ ≈ G′′, indicating a more elastic
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behavior compared to PG1 in the same frequency range. This may re�ect a larger

density of supramolecular bonds in PG2. The e�ect of g becomes even more apparent

in the case of generation 3. For Pn = 50, the increased density of bonds leads to an

elastic plateau modulus (�gure 6.14(c)), in contrast to what is observed for the �rst

and second generations. When the degree of polymerization is increased to 1500 and

beyond, the enhanced density of intermolecular bonds results in strong correlations

and a further increased value of G′, which is here comparable to the entanglement

plateau modulus of PMMA, i.e., the linear backbone of the DPs (this is simply an

observation)[108]. Hence Gp increases substantially with Pn (as it does with g [108]).

Concomitantly, the X-ray results above call for a liquid crystalline type of organization

of the DPs, where their virtually parallel arrangement will promote intermolecular

interactions with more exposed active area as Pn increases, hence the Velcro e�ect

(�gure 6.22).

Given the fact that DPs are considered as cylindrical objects with a molecular

thickness, it is possible to de�ne a cylindrical lateral surface which is in fact the exposed

area. Intermolecular bonding capacity is enhanced when larger portions of the lateral

surfaces of the polymers are in contact with each other. The contact area increases when

the molecules are practically aligned parallel to each other. In such a case, given that

with increasing g the intermolecular interactions are strictly reduced to the periphery

of the DPs (due to their density pro�les, as also supported by simulation results),

the number density of DP-DP bonds responsible for the plateau modulus is almost

independent of Pn (since the intermolecular bonding at the periphery is proportional

to Pn). This explains the nearly constant value of plateau modulus in the Pn range

1500-3000 in �gure 6.14(c). Indeed, the elasticity of PG3 should result exclusively from

supramolecular interactions because the persistence length of generation 3 is large (and

so is the entanglement molar mass Me) [87]. Interestingly, in this class of polymers

Me depends on g but should not depend on Pn. Note further that the rubbery plateau
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modulus of the backbone (PMMA) is about 3× 105 Pa [14].

In order to further elucidate the plateau region, we have extended the rheological

master curves by means of creep measurements for one DP series, PG2. In particular,

we run creep measurements on the aged PG2 samples and converted the creep compli-

ance, J(t) into dynamic moduli. The results of the conversions are reported in �gure

6.15 which depicts the respective complete master curves (without the vertical shift

of Figure 6.14(b)). The data superimpose fairly well in the high- and intermediate-

Figure 6.15: Linear viscoelastic master curves of the PG2 series along with the conversion
of creep compliance measurements into dynamic moduli (lines). Color code (same as Figure
6.14(b)): degree of polymerization: blue, Pn = 1500; green, Pn = 2000; and black, Pn = 3000.
The unusual shape of the black curve with two minima is due to conversion issues (which do
not a�ect the main message however) and is not discussed further [202].

frequency regions. At lower frequencies, a small albeit unambiguous increase of the

elastic plateau modulus with increasing Pn is evident. From the trend of the resulting

moduli one can infer that at long times, the �ow behavior will be eventually approached.

By extrapolating the low-frequency data, we �nd that the moduli crossover frequencies

are approximately 10−7, 5 × 10−8, and 10−8 rad/s for Pn = 1500, 2000, and 3000,

respectively. Hence the corresponding average terminal times τterminal are about 107,

2×107 and 108 s. These numbers conform to τterminal ∼ P 3
n which comply with the pre-
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diction of the sticky reptation model τterminal ∼ P 3
nN

−2
s with Ns the number of average

number of monomers along the chain between stickers) [223]. However, given the fact

that Pn varies only by a factor of 2 and the analysis is rather crude, we do not suggest

any scaling here but only o�er this as an observation. This time should be associated

with the average lifetime of bonds. Nevertheless, an unambiguous experimental �nd-

ing is the following: DPs exhibit a plateau modulus which becomes more extended

as Pn increases (and which increases in value with Pn and g). Hence, intermolecular

bonding interactions, rather than chain entanglements, are at the origin of the plateau.

Molecular organization promotes these interactions and indirectly a�ects the plateau

modulus. These polymers also exhibit very long relaxation times, presumably linked to

the lifetime and number of intermolecular bonds and eventual molecular reorientation,

as in sticky Rouse [223], where the relaxation time, τRouse of unentangled associating

polymer chains is given by:

τRouse = τ(Sp)2 (6.4)

with τ being the lifetime of a bond, S the number of stickers per chain and p the

fraction of interchain associated stickers, or as sticky reptation models [69] where the

terminal relaxation time τD is given by:

τD =

(
N

Ne

)1.5
2S2τ

1− 9/p+ 12/p2
(6.5)

with N being the degree of polymerization of polymer chains and Ne being the number

of monomers between entanglements. In fact, the terminal time depends on both the

fraction of active bonds and the association/dissociation time of the bonds. These

factors play a role in determining the exponent of the observed scaling relation.

Figure 6.16 reports the shift factors used to build the master curves of �gure 6.14

at the same distance from the glass temperature. From Figure 6.3 it is clear that a

plateau in the glass transition temperature is observed at Pn > 50. Hence, at Pn > 50
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Figure 6.16: Horizontal shift factors of PG1 (a, Tref = 90°C), PG2 (b, Tref = 100°C), and
PG3 (c, Tref = 90°C). At �xed generation, the samples with 1500 ≤ Pn ≤ 3000 have the
same glass temperature and subsequently the same value of Tref − Tg. For each generation,
the sample at Pn = 50 is reported at the same value of Tref − Tg as the other samples of the
series [202].
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the same distance from Tg corresponds to the same reference temperature. A very

good agreement between the shift factors of the same series at di�erent degrees of

polymerization is observed. Along with the shift factors, a WLF �t is also reported,

according to the following equation:

log(aT ) = − c1(T − Tref )
c2 + (T − Tref )

(6.6)

Where c1 and c2 are the two �tting parameters. The c1 and c2 constants were

obtained from the arithmetic average of the WLF �t constants at di�erent Pn. The

constants are consistent with previous data [198], and with those of other amorphous

polymers [146, 224]. The good agreement between the WLF �t and the experimental

shift factors, along with the (more sensitive) van Gurp-Palmen (VGP) plots of the

master curves (�gure 6.17), con�rms the validity of the TTS principle for this kind of

systems.

The applicability of the WLF �t does not exclude the possibility of supramolecular

bonds; hence further analysis of the local dynamics and fragility is not attempted. A

comparison of the WLF lines and the relevant �t parameters for the three DP series

and a simple analysis of fractional free volume reveal the clear di�erences among them,

and in particular the distinct behavior of PG3, attributed to intermolecular bonding.

6.2.6 Response to nonlinear shear

In order to probe the unentangled character of DPs with small Pn we decided to test

PG1-50 and PG2-50 in nonlinear shear. In this section we report on their nonlinear

rheological response. These samples were such that the terminal regime was experimen-

tally accessible (�gure 6.14), and a characteristic disengagement time τd was extracted.

Subsequently, the Weissenberg number has been calculated as the product of the shear

rate γ̇ and the disengagement time, WiD = γ̇τd.
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Figure 6.17: van Gurp-Palmen plots of (a) PG1, (b) PG2 and (c) PG3 series (red, Pn = 50;
blue, Pn = 1500; green, Pn = 2000; black, Pn = 3000; temperatures as reported in the legends
[202].
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Figure 6.18 depicts the results of transient viscosity (step-rate) experiments with

PG2− 50 at T = 100°C.

Figure 6.18: Nonlinear step-rate experiments depicting the transient viscosities of sample
PG2-50 at T = 100°C (shear rates from highest to lowest curves, γ̇ = 0.0316, 0.0562, 0.1,
0.178, 0.316, 0.562, 1, 1.78, 3.16, 5.62, 10, 17.8, and 31.6 s−1). The grey dashed line indicates
the time resolution limit of the instrument [202].

Strain and viscosity response from nonlinear shear has been analyzed and compared

with data from the literature on linear entangled systems [92, 94]. The data conform

to the behavior of unentangled FENE-type of response with a weak stress/ viscosity

overshoot, weak shear thinning (weaker than entangled polymers, see Figure 6.19), and

no evidence of induced deformation (segmental orientation or stretching). The latter

comes from the observation that the experimentally probed maximum instantaneous

deformation saturates at the lowest imposed shear rate (�gure 6.20) and remains inde-

pendent of shear rate. Moreover, a very weak dependence of the ratio ηmax/ηsteady is

observed upon Wi number (Figure 6.21).
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Figure 6.19: Cox-Merz rule applied to dendronized polymers (dashed line, polystyrene ring
84k; solid line, entangled PS182k. PG1-50 red triangles, PG2-50 blue circles; red line, LVE
envelope of PG1-50; blue line, LVE envelope of PG2-50

Figure 6.20: Strain corresponding to the peak viscosity (from �gure 6.18) as a function of
the Weissenberg number for PG1-50 and PG2-50. Data of entangled PI are reported as a
reference [94].
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Figure 6.21: Normalized peak viscosity (from Figure 6.18) as a function of the Weissenberg
number for PG1-50 and PG2-50. Data of entangled PS (open black symbols) and PI (closed
black and gray symbols) are reported as a reference [94].

This is consistent with the X-ray scattering results of �gure 6.12 which suggest

columnar arrangement of the backbones. The emerging scenario is further supported

by the simulation results of �gures 6.6-6.8. In such a situation no further deformation

is expected, especially at rather modest shear rates such as those used here. The

induced deformation relates to the e�ect of molecular friction of interpenetrated outer

segments of dendrons, complying to the proposed Velcro e�ect (�gure 6.22). Finally,

we did not succeed in extracting any good normal force signal from nonlinear shear

measurements on PG1-50 and PG2-50. The reason is that, as the quality of the axial

force signal improves upon shear rate increase, overload of the transducer is achieved.

Indeed, despite the unentangled behavior of such systems, the normal forces involved

in transient shear are very large. This is attributed to the Velchro-like interaction of

the side-dendrons whose segments between branches are signi�cantly stretched even at

relatively low shear rates.
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Figure 6.22: Schematic illustration of sheared DPs with Velcro-like interactions. The red
dashed areas depict these intermolecular interactions between neighboring molecules. The
DPs are oriented in �ow (the long axis is at 45° with respect to the shear velocity).

6.3 Concluding remarks

Dendronized polymers are a relatively new class of polymers, characterized by a cross-

sectional thickness length-scale depending on the branching generation. Whereas they

exhibit similarities with bottlebrushes (thickness, leading to large entanglement molar

mass), they are also distinct: their thickness can be accurately controlled and con-

tinuously increased with the degree of branching, their monomer density distribution

decays less gradually (as we know from independent simulation studies [225]), they

have an enhanced ability for intra- and intermolecular interactions, and they o�er a

signi�cantly larger density of end groups per backbone unit length. Furthermore, the

possibility to chemically modify these end groups in a wide range renders them more

functional and tunable. Results from X-ray scattering, corroborated by simulations,

revealed increased lateral backbone-backbone correlations with a 2D arrangement of

backbones and a liquid crystalline underlying order. These structural features have

direct e�ects on their viscoelastic properties. We have presented a systematic inves-

tigation of the linear and nonlinear rheology of well-characterized �rst-, second-, and

third-generation DPs with degrees of polymerization varying from 50 to 3000. PGs

were found to exhibit very long equilibration times due to their tendency to reduce

gradients in monomer density. Aged PGs exhibit complex viscoelastic response domi-

nated by the intermolecular bonding interactions, since entanglement interactions are
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at best weak (for Pn > 2000). The linear viscoelastic data indicate the occurrence of a

plateau modulus for DPs, which can be lower than or comparable in value to that of the

acrylic backbone (depending on generation g and degree of polymerization Pn). The

intermolecular bonds and related molecular organization of DPs (liquid crystalline-like)

are responsible for this modulus, whose extent in the frequency scale and actual value

depends on both Pn and g. Eventually, the crossover of moduli marks the terminal

relaxation and the very long relaxation times re�ect the lifetime of the bonds. Their

nonlinear response is akin to FENE chains without appreciable deformation and with

weak shear thinning. The instantaneous maximum deformation is saturated from the

lowest shear rates. Overall, a Velcro-type analogy is invoked to describe their behavior.

DPs interpenetrate, however this does not constitute entanglement e�ects but rather

enhanced molecular friction which appears to dominate viscoelasticity for small Pn and

large Pn at the measured times. The Velcro analogy is directly related to the lateral

surface of DPs with their exposed areas being in contact with each other, yielding an

eventual highly cooperative motion. It is evident that the combination of bonding in-

teractions and topology controls the linear and nonlinear viscoelastic response of DPs

and at the same time o�ers the means to tailor these properties at will. Hence, we

can tune the mechanical behavior by modifying the key structural parameters or the

interacting groups, with implications to materials performance. Moreover, dendronized

polymers, along with bottlebrush and wedge systems, provide a remarkable contribu-

tion to the understanding of topological interactions between thick molecules, based

on the proposed picture of Fetters and coworkers.
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Chapter 7

AGING CONTROL AND

DUCTILE-TO-BRITTLE

TRANSITION IN

UPY-FUNCTIONALIZED

DENDRONIZED POLYMERS

7.1 Introduction

In the previous chapter we have discussed the high degree of tunability of the molecular

structure of classic dendronized polymers [108, 202]. Thereby, we have found that a va-

riety of rheological behaviors could be attained by varying the degree of polymerization

of the backbone Pn and the generation number of the dendrons, g. An additional degree

of freedom in determining the rheology of dendronized polymers is the possibility to

insert supramolecular groups in the inner and outer parts of the molecules. The outer

molecular surface of dendronized polymers is made of a large number of side branches.

In principle, each branch can be functionalized with a supramolecular group. Most of

dendronized polymers synthesized to date possess terz-buthoxycarbonyl groups (Boc)

on the side branches therefore they can form hydrogen bonds [108, 191]. This possibil-

ity is directly re�ected in their mechanical properties [108, 202]. However, Boc groups

are relatively weak hydrogen bonding groups. They can give rise to a sti� network
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only when the degree of polymerization of the backbone is large enough to provide

enhanced correlation between neighboring molecules. In such a situation an increase of

the bonding density occurs. As a consequence, the value of the low frequency plateau

of the elastic modulus increases [202].

Recent developments in synthetic chemistry allowed for the functionalization of com-

plex molecules with strong hydrogen bonding units in order to form supramolecular ag-

gregates [62, 226]. Among the variety of hydrogen bonding groups, ureido-pyrimidinone

(UPy) is one of the strongest units used in supramolecular chemistry [65]. This group

can form an array of four hydrogen bonds with an exceptionally strong dimerization

constant in Chloroform. Functionalization with UPy has been already proven to be a

good strategy to form strong transient supramolecular networks starting from rather

simple unentangled molecules [68]. On the other hand, incorporation of UPy groups in

structurally complex systems such as dendronized polymers is a virtually unexplored

�eld. An open question is how the presence of UPy a�ects the role of the key structural

parameters in determining the rheological properties of DPs. Moreover, the e�ect of

strong hydrogen bonding groups on the equilibration kinetics is yet to be decoded.

Indeed, it is expected that UPy groups can lock the local motion of side dendrons by

acting as strong molecular anchors, thus in�uencing both velocity of structural equili-

bration and �nal state.

In this work we provide an e�ective method to incorporate UPy on the surface of

dendronized polymers at di�erent degree of coverage (see section 2.1.5) and we inves-

tigate the mechanical properties of these novel systems. We start from relatively small

molecules (Pn = 40, g = 1) with degree of substitution (f) of Boc groups with UPy

ranging from 0 to 25%. A speci�c annealing protocol is followed in order to achieve

consistency between measurements on the di�erent samples. Moreover, we provide an

e�ective way to screen stron intermolecular interactions by growing 1 and 2 classic gen-

erations on the UPy-DPs of �rst generation (see �gure 7.1). In order to demonstrate
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the screening e�ect, we study the linear rheological behavior of PG2-40 and PG3-40

samples functionalized with UPy at f = [0%, 5%, 25%].

Figure 7.1: Cartoon illustration of interactions in UPy-DPs. (a) UPy-PG1, UPy groups are
at proper distance to form intermolecular bonding. (b) UPy-PG3, UPy groups are immersed
in the inner part of the molecule and cannot form intermolecular bonding.

7.2 Results

7.2.1 Di�erential scanning calorimetry

DSC measurements were performed by dr. Scherz at ETH, Zurich. The thermal tran-

sition of the synthesized DPs re�ects the reduced segmental mobility originating from

the enhanced steric hindrance around the polymeric backbone and the approach to the

actual glass, respectively, as well as the e�ect of hydrogen bonding. Hence, we assign

the glass temperature (Tg) as the characteristic temperature for this overall transition

(only a single transition could be detected in DSC runs, albeit broad). Thereby, the

presence of only one Tg for the copolymers suggests that the copolymerization of the
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Figure 7.2: (a) Linear relation between Tg and the UPy content in PG1-UPy; Pn ≈ 40.
(b) Tg as a function of g for PGg featuring 0, 5, 25 and 50 mol% UPy monomer; Pn ≈ 40
The results were obtained by DSC measured from -50 to 150 °C, with a heating rate of 10 °C
min−1 in N2 and the lines are drawn to guide the eye.

two macromonomers 1c and 2b proceeded in a random fashion. Figure 7.2.a depicts

the compiled Tg values of the PG1-40-UPy copolymers as a function of UPy content.

As shown previously in the literature for other random UPy-functionalized copolymers

[68, 227, 228], the Tg values of the PG1-40-UPy samples increase in a linear fashion

with the number of hydrogen bonding side groups (from ≈38 °C in PG1-40-UPy0 to

≈ 127°C in PG1-40-UPy50). At virtually identical backbone chain lengths (Pn ≈ 40),

the enthalpy steps involved in the glass transition of these copolymers decrease with

increasing UPy content, consistently, as inferred from the relative DSC heat �ow traces

normalized by the sample weight (see �gure 7.3). Here, the concomitant broadening

of the transition becomes particularly apparent from the respective di�erentiated DSC

traces. The observed results can be rationalized by the formation of a supramolecular

network involving the strongly hydrogen bonding UPy groups, which act as temporary

cross-links. By increasing the number of UPy groups in the copolymers, the network

mesh size is reduced and, hence, chain dynamics are slowed down and the available

free volume is decreased. By comparison, the interpretation of the results obtained

for the higher-generation DPs in this study appears more complex, as the segmental

mobility of these DPs becomes additionally related to the generation number [206].
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Both the number of dangling end-groups and the number density of the branching

points, i.e. the compactness of the structure, increase with increasing dendron gener-

ation. However, end-groups and branching sites a�ect the glass transition in opposite

directions: On the one hand, increased branching entails a denser packing and, hence,

reduces the local segmental mobility, which ultimately leads to an increase of Tg. On

the other hand, a larger number of peripheral end groups enhances local �uctuation

and e�ects a decrease of Tg. Figure 7.2.b illustrates the compiled Tg values of the DPs

containing 5, 25 and 50 mol% UPy as a function of generation, along with the data

on the respective DPs without UPy-groups. In the case of PG1-40-UPy0, PG1-40-

UPy5 and PG1-40-UPy25, the Tg values saturate with increasing polymer generation,

which is in line with existing reports showing that the glass temperature increases

with g before approaching a �nal value, i.e. no signi�cant changes are found after

approximately the fourth generation [108, 202, 204, 207]. The observed saturation of

Tg is owed to the bulky pendant side groups of these DPs and re�ects their enhanced

backbone rigidity with increasing dendron generation. In this regard, it can also be

considered analogous to the respective saturation with molar mass in linear polymers

and dendrimers. Even though, qualitatively, the Tg values of the UPy-functionalized

and UPy-unfunctionalized DPs converge to intermediate temperatures with increas-

ing DP generation, larger UPy contents translate into higher Tg values throughout

the studied generations, consistently. With the exemption of the series containing 50

mol% UPy, the di�erence in Tg values between the �rst- and third generation DPs of

each series narrows down with increasing UPy content. Based on the virtually iden-

tical Tg values of PG3-40-UPy5 and PG3-40-UPy0, it can be reasoned that the UPy

moieties in PG3-40-UPy5 are completely immersed in the interior of the DP. Hence,

the possibility for intermolecular, speci�c hydrogen bonding interactions by the UPy

moieties is e�ectively inhibited due to the steric shielding by the surrounding den-

drons. In addition, the random incorporation of the UPy-bearing monomer 2b into
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Figure 7.3: (a) Second heating DSC thermograms for the �rst-generation DPs comprising
0-50 mol% UPy normalized by the sample weight. In (b), the di�erentiated traces are shown
to better visualize the shift and broadening of the glass transition.
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the polymer combined with the large excess of unfunctionalized monomer 1c (1c:2b

= 9:1) renders intramolecular UPy-UPy-dimerization unlikely, as substantiated by the

results obtained from 1H NMR spectroscopy. On the other hand, the dendronization of

PG1-40-UPy50 results in a greatly reduced Tg value of PG2-40-UPy50, despite the 50%

lower grafting density compared to the UPy-unfunctionalized DPs. Evidently, already

one dendron generation su�ces to signi�cantly reduce the amount of intermolecular

UPy-UPy dimerization. In the following, the decrease in the Tg upon dendronization

of PG2-40-UPy50 to PG3-40-UPy50 is marked albeit much smaller. Due to the close

proximity of UPy moieties in the homopolymer of 2b, a shift from inter- to intramolec-

ular UPy dimerization takes place, as already evidenced by the recorded 1H NMR

spectra of the samples containing 25% UPy. It is important to note that one distinct

advantage of our present polymers is that the degree of polymerization in each homol-

ogous series remains virtually constant, which allows for systematic investigation of

properties as a function of generation. The results indicate that the thermal properties

of the present DPs are predominantly governed by the number and location of UPy

groups in the polymers. Hence, the Tg values of DPs can be tuned via both generation

growth and the degree of UPy-functionalization.

7.2.2 Linear viscoelasticity

Aging protocol and reproducibility of the measurements

In the previous chapter, we have reported that dendronized polymers undergo ag-

ing due to the tendency of dendrons to mutually interpenetrate in order to minimize

intermolecular density gradients. Because of steric hindrance and cooperative rear-

rangement of dendrons, the ageing process is rather slow, the required time depending

on the initial state of the particular sample. Furthermore, the �nal interdigitated state

depends on the particular path followed for equilibration.
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For classic DPs we have used a consistent protocol to achieve an equilibrated state (see

section 6.2.2): after cold-pressing, we loaded each sample in the rheometer, waited a

short time for thermal stabilization and then monitored the equilibration at the same

distance from Tg by following the temporal evolution of the dynamic moduli. Such

protocol provides consistent data for classic DPs of di�erent series and yields a typical

equilibration time for PGs of order of 20 hours.

The incorporation of UPy groups onto the side dendrons induces a reduction of their

local mobility. UPy groups act as molecular anchors locking segments of the branches.

The reduced mobility of the dendrons should speed-up the equilibration kinetics be-

cause they have to �nd the most stable con�guration among a relatively limited range

of possibilities compared to classic DPs. Such a conjecture is demonstrated in �gure

7.4 where the equilibration of the samples PG1-40 at di�erent UPy concentration is

reported. The samples of �gure 7.4 have been equilibrated according to the protocol

followed for the classic DPs. From the equilibration curves of the samples at di�erent

UPy contents, it is apparent that the equilibration is faster as the molecular concen-

tration of UPy increases.

Concerning dendronized polymers of �rst generation functionalized with UPy, we also

used a di�erent annealing strategy compared to previous protocol, in order to facilitate

nonlinear rheological measurements. Indeed, using the previous protocol for nonlinear

shear measurements is virtually impossible, as a new equilibration procedure would

be required at each shear rate. On the other hand, it is not possible to monitor the

temporal evolution of the moduli in extensional rheometers. Another issue associated

with the �rst protocol is the fact that nonlinear measurements imply sample recycling

due to small amounts available. Therefore, we tried to stabilize the samples through

long-time thermal annealing. As described in section 2.6, the samples were annealed in

vacuum for 8 days at the highest possible temperature (100°C) compatibly with their

chemical stability. After the annealing protocol used here, the samples were found
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Figure 7.4: Equilibration curves of UPy samples of �rst generation. (a) PG1-40-UPy5 at
T = Tg + 29°C; (b) PG1-40-UPy10 at T = Tg + 28°C; (c) PG1-40-UPy25 at T = Tg + 29 °C.
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to reach a stable state that did not change upon further annealing and rheological

measurements were reproducible before and after recycling, as depicted in �gure 7.5.

However, horizontal shifts were found between the mastercurves of the sample PG1-40

annealed with previous protocol and those of the same sample thermally annealed.

This indicates that the two protocols are not equivalent.

Figure 7.5: a) Frequency sweep tests performed on di�erent specimens of the Sample PG1-
40-UPy5 before nonlinear shear (T = 96°C). Specimen 1 was made from polymer after an-
nealing in vacuum. Specimens 2 and 3 were obtained from polymer recycled from previous
nonlinear measurements both in shear and extension. b) Frequency sweep tests performed on
di�erent specimens of the Sample PG1-40-UPy10 before nonlinear shear (T = 96°C). Speci-
men 1 was made from polymer after annealing in vacuum. Specimens 2 and 3 were obtained
from polymer recycled from previous nonlinear measurements.

E�ect of the coverage of the outer molecular surface with UPy groups

As mentioned above, Boc groups on the terminal part of the outermost branches can be

replaced by UPy groups. The substitution of the outer branches can occur at di�erent

number fractions, f . Figure 7.6 reports the linear mastercurves of the samples PG1-

40-UPy at di�erent degrees of substitution of the outer branches, from 0 to 25%. The

mastercurves are reported at the same distance from the glass temperature (Tref =

Tg + 45°C with Tref being the reference temperature of the mastercurves). A Time-

Temperature Superposition (TTS) algorithm based on two-dimensional minimization
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Figure 7.6: linear viscoelastic mastercurves of the samples PG1-40 with di�erent degree
of UPy coverage (from 0 to 25%) reported at the same distance from the glass temperature
(Tref = Tg + 45°C).

of errors was used in order to build all the mastercurves. The frequency sweep tests

performed at (Tref = Tg+45°C) were used as TTS references in order to avoid artifacts

induced by data shift. As expected, an increase of the concentration of UPy, induces

an enhancement of the viscoelastic properties. The sample PG1-40-UPy0 has a liquid

like behavior with G′′ > G′ over the whole frequency range. At high frequencies, the

moduli are parallel with a slope of 0.65 indicating Zimm-like dynamics in analogy with

other branched systems [222]. At lower frequencies a clear transition from Zimm to

terminal behavior is observed. In the high frequency range, the sample PG1-40-UPy5

has similar behavior as PG1-40-UPy0. However, the transition from high frequency

behavior to terminal regime is characterized by the tendency of the elastic modulus to

form a plateau. The plateau of G′ becomes apparent as the UPy content is increased

to 10%. For this sample G′ is larger than G′′ in the intermediate frequency range.
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As the UPy content reaches 25%, the plateau increases by one decade compared to

PG1-40-UPy10. Moreover, the slopes of the moduli at low frequencies are di�erent

from 1 and 2 for G′ and G′′, respectively. For all the samples, a terminal time τ can

be evaluated as follows

τ = lim
ω→0

η0Je = lim
ω→0

G′

ωG′′
(7.1)

where ω is the angular frequency, η0 the zero shear viscosity and Je the steady state

recoverable compliance. The extracted values of terminal time show that dynamics

slow down as UPy content increases.

Shielding intermolecular interactions by immersing the UPy groups inside

the macromolecule

UPy moieties can be immersed in the inner part of the DP molecule by growing classic

generations on top of the �rst one. As intermolecular bonding mainly occurs between

the outermost branches of di�erent molecules [202], growing classic generations on top

of the branches functionalized with UPy should screen strong intermolecular interac-

tions. Figure 7.7 shows the mastercurves of UPy functionalized samples with second

(�g. 7.7.a) and third (�g. 7.7.b) weakly interacting generations.

Figure 7.7: a) linear viscoelastic mastercurves of the samples PG2-40 with UPy (Tref = Tg+
45°C); b) linear viscoelastic mastercurves of the samples PG3-40 with UPy (Tref = Tg+30°C).
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Since measurements were restricted to linear viscoelasticity, the samples were an-

nealed according to the protocol [202] used for the classic DPs. In both cases, an

increase of UPy content from 0 to 25% in the inner part of the molecule, does not

bring any signi�cant contribution to the plateau modulus. This is more apparent for

generation 3 where the screening of UPy groups is much more e�ective.

7.2.3 Nonlinear rheology

Uniaxial extension

PG1-40-UPy samples were tested in uniaxial extension at the same distance from the

glass temperature. Results of transient uniaxial extensional measurements are shown

in �gure 7.8. For the unfunctionalized sample PG1-40-UPy0 the distance from Tg

was slightly larger compared to the functionalized samples (34°C instead of 29°C).

In the range of strain rates explored, PG1-40-UPy0 exhibited weak strain hardening,

which can be barely discerned due to experimental noise (�gure 7.8(a)). The noise

is attributed to stress values at low rates which are close to the sensitivity of the

transducer. Strain hardening becomes evident for PG1-40-UPy5 (�gure 7.8(b)). For

this sample, the departure of the transient extensional viscosity from the LVE envelope

is unambiguous. Moreover, the stress growth coe�cient reaches steady state for the

three lowest rates. For the two highest rates, the elongational viscosity ηel shows an

overshoot before steady state. We attribute such feature to the signi�cant amount of

stretch of the side dendrons at large values of extensional rates. Both PG1-40-UPy0

and PG1-40-UPy5 exhibit ductile behavior in uniaxial extension namely, they are able

to deform in thin �laments without breaking under tensile stress. The samples could

be stretched up to the maximum achievable strain with the instrument without failure.

Note that the characteristic terminal relaxation time of PG1-40-UPy5, is τD=67±4 s

at 80°C (ωc = 0.015 ± 0.01 rad/s), and ductile behavior was observed even when the
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Figure 7.8: Uniaxial extension measurements on UPy samples at the same distance from Tg
(Tref = Tg +30°C). (a) PG1-40-UPy0 at 72°C, (b) PG1-40-UPy5 at 80°C, (c) PG1-40-UPy10
at 81°C, (d) PG1-40-UPy25 at T=95°C. Strain rates are reported in the respective legends
(symbol E).

strain rate exceeded the inverse of the characteristic time of the material. Some of the

thin �laments originated from extension of such samples are displayed in �gure 7.9 (1-

4). Concerning samples with larger UPy fraction, it was not possible to detect strain

hardening because brittle failure occurred as soon as extensional viscosity departed

from the LVE envelope, i.e., no signi�cant deformation was observed before breakage

(�gures 7.8(c) and 7.8(d)). The data for PG1-40-UPy25 are a�ected by relevant noise

because the amount of deformation before breakage was very small and the rheometer

could not properly resolve the stress signal in such conditions.

Typical images of catastrophic failure with samples PG1-40-UPy10 and PG1-40-
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Figure 7.9: Ductile to brittle transition of UPy-DPs: 1. PG1-40-UPy0 (ε̇ = 0.01) 2; PG1-40-
UPy0 (ε̇ = 0.03); 3. PG1-40-Upy5 (ε̇ = 0.01); 4. PG1-40-Upy5 (ε̇ = 0.03); 5. PG1-40-UPy10
(ε̇ = 0.1); 6. PG1-40-UPy10 (ε̇ = 0.3); 7. PG1-40-UPy25 (ε̇ = 0.01); 8.PG1-40-UPy25
(ε̇ = 0.03).

UPy25 are shown in 7.9 (5-8). It is interesting that brittle behavior was observed even

at strain rates lower than the inverse of the terminal relaxation time (the latter being

about 77 s at 81 °C). Similar behavior was observed for PG1-40-Upy25 (with terminal

time of about 40 s at 95°C). The transition from ductile to brittle behavior upon in-

crease of the UPy molecular content can be explained tentatively from a microscopic

perspective by considering the evolution of the particular structure of UPy function-

alized dendronized polymers in uniaxial extensional �ow. The con�guration of such

polymers in the molten state is that of short bulky objects preferably oriented parallel

to each other along the �ow direction, with the side dendrons of one DP locked at the

edge to the side dendrons of neighboring DPs via strong hydrogen bonds due to UPy

groups. Upon application of uniaxial extensional deformation, molecules tend to ori-

ent in the direction of �ow and possibly become stretched. The orientation/stretching

process cause local motion and stretching of the dendrons locked by hydrogen bonding

via UPy groups. The response of these side-dendrons is responsible for substantial

resistance to extensional �ow and strain hardening of the UPy-functionalized samples.

If the fraction of UPy groups is below 5%, the modulus of the DPs is relatively low
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and they can deform elastically, giving rise to ductile response. With such a low frac-

tion, bond breaking is not accompanied by easy recombination (which becomes less

probable), hence this may lead to local dissipation of the elastic energy. If the bonding

density is increased beyond 10%, the Velcro picture is relevant with bond breaking

and reformation taking place in a cooperative fashion. At a certain stretch rate, the

global breaking of bonds leads to material failure (brittle fracture) without possibility

for immediate reformation. Typical examples are shown in �gure 7.9 (5-8).

Simple shear

Nonlinear shear experiments on the unfunctionalized sample PG1-40-UPy0 (�gure

7.10(a)), revealed a shear thinning behavior with reduced deformability [202]. The

transient viscosity at the highest rate is a�ected by edge fracture after reaching steady

state (data a�ected by fracture are indicated by red arrows in �gure 7.10). Incorpo-

ration of strongly hydrogen-bonding units to DPs causes a remarkable transition from

shear thinning to shear hardening transient behavior (�gure 7.10). Strain hardening

under shear has been already observed for aqueous solutions of associating polymers

[229�231] and attributed to substantial stretch of the chains before bond breakage

[232]. Here, we report on strain hardening in shear of dendronized polymer melts and

ascribe it to stretch of locked segments of side-dendrons. At UPy concentration of 5%,

as the shear rate is increased beyond 1 s−1, the transient viscosity increases beyond

the LVE prediction (�gure 7.10(b)). The strain hardening is more apparent as the

shear rate increases. A similar behavior is observed with 10% of UPy (�gure 7.10(c)),

even though fracture is observed as the shear thinning regime is entered. When the

molecular content of UPy increases up to 25% the sample fractures around the peak

viscosity region at the onset of strain hardening (�gure 7.10(d)). In analogy to the

extensional behavior, strain hardening in shear is attributed to stretching of the side

dendrons before bond-breakage occurs. In particular, the transition from ductile to
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Figure 7.10: Nonlinear shear rheology of UPy-DPs. (a) PG1-40-UPy0 at T=88°C, (b) PG1-
40-UPy5 at T=96°C, (c) PG1-40-UPy10 at T=97°C and (d) PG1-40-UPy25 at T=120°C.
Shear rates (symbol, D) are indicated in the respective panels. Red arrows indicate shear
fracture.

brittle behavior in extension can be related to the capacity of UPy-DPs to undergo

shear thinning in simple shear.

Figure 7.11 reports the applicability of Cox-Merz rule [22] to UPy-DPs. The applicabil-

ity of such rule to the unfunctionalized sample is con�rmed. However, the introduction

of small amounts of UPy to the molecules implies the failing of Cox-Merz. In particular,

the steady state viscosity of the sample PG1-40-UPy5 tends to shear thinning at larger

values of shear rate compared to the linear prediction, however when shear thinning

occurs, the power-law decay of viscosity has a larger exponent than the LVE prediction

(faster decay of viscosity upon shear rate). Both ductile samples have the ability to
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Figure 7.11: Application of the Cox-Merz rule to UPy-functionalized dendronized polymers.

shear thin in nonlinear shear. The strain hardening in shear has the same origin as in

extension, i.e. stretching of the dendrons before hydrogen bonds are broken. However,

when UPy fraction is less than 5%, molecule can easily uncorrelate from each other and

di�use, hence they display shear thinning in shear and ductility in extension. On the

other hand, the samples PG1-40-UPy10 and PG1-40-UPy25 are virtually not allowed

for shear thinning, as it can be observed in �gure 7.11. Indeed, sample PG1-40-UPy-10

exhibit failure of Cox-Merz rule as for PG1-UPy-5%. Moreover, catastrophic failure

occurs before shear thinning is observed. Strong shear fracture hinders the possibil-

ity to detect steady state viscosity in the shear thinning regime. A similar behavior

is observed also for PG1-40-UPy25%. Figure 7.12 depicts the strain hardening fac-

tor of PG1-40-UPy5 and PG1-40-UPy-10, i.e., the transient nonlinear shear viscosity

normalized by the viscosity evolution in linear regime. A larger capacity of strain

hardening of PG1-40-UPy10 compared to PG1-40-UPy5 is apparent. Such capacity is

attributed to the larger amount of stretch of the dendrons before molecules become
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7.2 Results

Figure 7.12: Strain hardening factor for PG1-40-UPy5 (blue crosses) and PG1-40-UPy10
(red circles). Shear rates are reported in the legend.

uncorrelated owing to the disruption of the hydrogen bonds. Figure 7.13 shows that

the transient viscosity overshoot at high shear rates scales with the strain, whose value

(γmax = 3.1 ± 0.2) is larger compared to that of unfunctionalized samples (PG1-40-

UPy0, γmax = 2.3± 0.2). This means that the dendrons locked by UPy are e�ectively

stretched compared to the unfunctionalized samples.

Figure 7.13: shear viscosity as a function of strain for PG1-40-UPy5.
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7.2.4 Foaming of samples with UPy = 50%

In section 2.5 we have reported that we could not measure the rheological properties of

dendronized polymers with UPy concentration larger than 25% because of unexpected

foaming events. Figure 7.14 shows foaming of the sample PG1-40-UPy50 both in ARES

and Physica MCR702 rheometers.

Figure 7.14: Foaming of the sample PG1-40-UPy50 in (a) ARES rheometer at 140°C and
(b) Physica MCR702 rheometer at 140°C.

We observed foaming also for the samples PG2-40-UPy50 and PG3-40-UPy50 at

temperatures above 130°C. Nitrogen atmosphere was provided in both cases presented

in �gure 7.14, with �ow rates as indicated in the respective manuals of the rheometers.

Therefore, the origin of foaming remains elusive, to date. Possibly, partial degradation

of UPy groups occurs at temperatures larger than 130°C even with the presence of tiny

amounts of oxygen.

7.3 Concluding remarks

We investigated the linear and nonlinear rheological properties of a series of short

dendronized polymers of �rst generation with increase molecular content of strong
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7.3 Concluding remarks

hydrogen bonding groups, from 0 to 25%. Di�erent annealing protocols revealed an

unusual dependency of the characteristic times on the thermal history of the sam-

ples. This is attributed to the correlation between the thermal history and the degree

of interdigitation of the samples. Linear measurements revealed enhanced viscoelastic

properties upon increase of the molecular content of UPy. Nonlinear uniaxial extension

experiments show a transition from ductile to brittle transition at the same distance

from the glass temperature. This is attributed to the reduced availability of free ends

for dissipating elastic energy as the UPy concentration increases. The incorporation

of UPy groups inside PG1-40 DPs causes onset of strain hardening in nonlinear shear.

Such a remarkable behavior is attributed to strong intermolecular forces arising from

the interaction of the locked brushes under shear (akin to Velcro picture).

Regarding the g = 2 and g = 3 DP samples with UPy groups in the interior

(at g = 1 level) we �nd that already one dendron generation beyond g=1 su�ces to

e�ectively block o� intermolecular UPy interactions as proven by the virtually identical

mechanical response of both DPs. This is in stark contrast to shielding experiments

with structurally closely related DPs which instead of UPy carry solvatochromic probes

at the g = 1 level. Solvent still can swell the corresponding DPs up to the g = 4

level, while the similarly sized UPy groups obviously cannot mutually interpenetrate

beyond g = 2. The very fact that UPy groups are part of a macromolecule and not as

independent as solvent molecules seems to have a bearing on this unexpected �nding.

The absence of intermolecular dimerization was used to create a situation in which the

UPy groups could not dimerize at all, a case which because of the high binding constant

had never been observed. In PG3-40-UPy5 the UPy groups are so spaced out along

the main chain that they cannot �nd each other anymore resulting in the absence of

the so typical UPy dimer signals in NMR spectroscopy. The high degree of tunability

of both linear and nonlinear properties and the unique nonlinear behavior in shear and
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extension makes these novel polymers with only 40 RUs promising candidates for the

design of new functional materials.
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Chapter 8

CONCLUSIONS AND

PERSPECTIVES

The need for fast processing of polymers has posed new challenges for rheologists.

When polymeric materials are pumped, extruded or mixed at high strain rates they

undergo strong nonlinear �ow conditions. The rheological beavior of polymers in non-

linear �ows is remarkably di�erent compared to their linear viscoelastic response. For

example, in strong nonlinear shear �ows, normal stresses develop and can be responsi-

ble in part for �ow instabilities, as pointed out in chapter 1. Such instabilities a�ect the

processing and quality of the �nal products. Therefore, it is essential to understand

material properties of polymers subjected to nonlinear �ows both from microscopic

and macroscopic perspective, in order to develop models at di�erent scales and provide

the ingredients for tailoring the mechanical properties according to particular needs.

Measuring viscometric functions in nonlinear conditions is a non-trivial task because

instabilities occur in lab-scale experiments as well as in industrial-scale units.

A relevant issue of signi�cance is edge fracture in shear �ows. The fracture of the

sample at the edge in rotational rheometry a�ects both viscosity and normal force

measurements and prohibits collecting reliable data on the viscometric functions of

polymer melts and solutions in strong shear. An e�ective tool to overcome edge frac-

ture instability is the CPP �xture.
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In chapter 3, we presented our improvements to the state-of-the-art CPP rheom-

etry. We designed and built a new CPP tool for the ARES rheometer with several

advantages compared to previous designs. Our CPP is relatively easy to align both

horizontally and vertically. It has large mechanical stability as it is attached to a

balanced bridge. Thermal stability is ensured by the convection oven of the ARES.

Moreover, the small inner diameter allows measuring very small quantities of sample

(20 mg). We validated such CPP geometry and demonstrated that we can obtain re-

liable viscosity/stress measurements in transient shear. Moreover, by modifying our

setup with a second modular partition of di�erent inner diameter, we showed that N1

and N2 of polymer solutions can be determined with good accuracy by means of two

experiments for each shear rate. The same protocol is applicable also to melts but we

were limited by the maximum normal force of the ARES rheometer. Moreover, reliable

data were limited to steady-state because of axial compliance e�ects. Future work

should focus on adapting our tool and protocol to rheometers with larger normal force

capacity. Furthermore, edge fracture is delayed but not avoided with CPP geometry.

An e�cient way of postponing edge fracture would be testing samples surrounded by

other liquids, instead of air. This would change the surface tension at the interface

without a�ecting the boundary conditions. Such procedure is yet to be investigated.

After developing and testing the CPP geometry, we proceeded with the investigation

of nonlinear �ows of di�erent polymer architectures. The aim was to determine the

interplay of topological constraints and supramolecular interactions with respect to

both the linear and nonlinear rheology of polymer systems. For each of the systems

investigated, nonlinear rheology has been a very e�ective tool to address speci�c open

questions regarding nonlinear �ow properties.

Starting from the simple picture of linear polymer melts and solutions, we presented

in chapter 4 a systematic investigation of the nonlinear shear and extensional properties
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of polystyrene melts and solutions with the same number of entanglements and we ra-

tionalized the results in the framework of the tube-based model. In the nonlinear regime

we demonstrated that the di�erences between melts and solutions observed in uniaxial

extensional �ows are not detectable in shear �ows over the same range of Rouse-based

Weissenberg numbers. This fact con�rms that in strong aligning �ows (uniaxial exten-

sion) friction reduction di�erentiates melts from solutions, the latter reaching a smaller

value of the average order parameter because of the reduced orientation of the solvent

molecules. Concerning fast shear �ows, a speci�c phenomenon due to the rotational

component of �ow appears to play a signi�cant role, namely tumbling. The latter was

recently demonstrated by means of molecular dynamics simulations of Se�ddashti et al.

[38]. The proposed model, accounting for friction reduction in uniaxial extension and

tumbling in shear, was in good agreement with transient viscosity/stress data in both

�ow conditions. However, the model failed to provide reliable predictions of transient

normal force in shear, apparently because data of transient normal force were a�ected

by axial compliance. Future work should focus on further improving reliable transient

normal force measurements in order to determine both the e�ective N1 and N2 for melts

and solutions with larger number of entanglements. Modeling should relate tumbling

to the characteristics of N1 and N2. In addition, molecular tumbling should be studied

by quenching deuterated samples in the rheometer and measuring them by means of

Small Angle Neutron Scattering (SANS). Moreover, it is worth to investigate how the

nonlinear extensional rheology of unentangled molecules compares to nonlinear shear.

The linear and nonlinear rheological data of two experimentally pure ring poly-

mers and two respective ring/linear mixtures were also discussed in chapter 4. Linear

rheology revealed typical features of ring polymers, i.e. absence of G′ plateau and

power-law relaxation (with an exponent of about 0.4). For moderately entangled rings

(Z = 5−10), terminal �ow behavior involved an extra slower mode attributed to traces
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of unlinked linear and ring-ring penetration. The overshoot in transient viscosity of

the rings at high Weissenberg numbers, was less prominent compared to their linear

precursors, suggesting that the nonlinear deformation of rings is weaker compared to

their linear counterparts. This is also re�ected in their weaker shear thinning behavior.

Data obtained with ring-linear blends exhibited a nonlinear shear behavior closer to

that of entangled linear chains. The present data set should motivate further shear

and extensional experiments with larger molecular weights and ring-linear, as well as

ring-ring mixtures.

In order to decode the complex nonlinear extensional and shear rheology of branched

polymers, we investigated in chapter 5 the growth, steady state and subsequent relax-

ation of viscosity during uniaxial extensional and shear deformation of model, marginally

entangled Caley-tree structures. We used FSR for extensional and CPP for shear mea-

surements. The extensional and shear rates covered a range extending from LVE ter-

minal relaxation to rubbery regime. Despite the small values of the imposed rates, sig-

ni�cant strain hardening was observed. At the same time, viscosity overshoots signaled

the deformation of these polymers in shear as well. Extensional relaxation was broader

and slower than in shear. The latter di�ered from that of the linear stress relaxation

modulus initially, but at long times became nearly identical. The unusual relaxation of

viscosity upon cessation of uniaxial extensional was consistent with a stronger defor-

mation in extension and the related strain hardening. The BoB framework based on

independent pom-pom modes described the experimental data in linear and nonlinear

shear (growth and relaxation) and extension (growth and initial relaxation) reasonably

well, without �t parameters. This is remarkable considering the fact that a segment

between two branches in these molecules was less than three entanglements long. The

slow relaxation upon cessation of extensional �ow was suggested to re�ect coupling

of the stretches in di�erent generations. To describe it, a modi�ed model should be
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considered. Whereas this calls for further investigations, it already shows a way to use

strong �ows for tailoring properties of polymeric materials and e�ectively enhancing

their elastic memory. Furthermore, there is unambiguous evidence of steady state in

extension. The high-rate regime in extension followed a thinning slope of -0.5 in ac-

cordance with predictions and �ndings with other linear and branched polymers. This

power-law is virtually followed by the shear data as well. In general, at �rst sight it is

a surprise that BoB does such a good job in predicting both the linear and nonlinear

rheology of such a polymer with barely entangled branches. We attributed this to

the di�erence in the strength of the entanglement constraints at the branch point as

opposed to the respective linear entangled polymers. This ensured that the dynamics

of the inner segments remained dominated by the branch-point friction instead of the

monomer friction, hence a framework based on the well-entangled polymers captured

the relaxation of unentangled (due to the dilation e�ect) inner segments. In fact, the

present case may be thought of as the limit of validity of the BoB model. Future work

should be done with similar systems in order to explore the intriguing stress relaxation

of this class of polymers. In addition, modeling should undergo further development

in the direction of testing the above stretch coupling idea and predicting viscosity

relaxation consistently in shear and extension and eventually advancing constitutive

modeling. At the same time, measurements of polymer conformation in situ or ex situ

(via quenching below glass temperature of deuterated samples and SANS measure-

ments) and attempts to probe nonlinear material functions (including normal stresses)

at higher rates will further advance the �eld.

Dendronized polymers (DP) are the natural extension of the concept of dendrimer

but their architecture is such that molecular thickness cannot be neglected. In addition,

based on their synthesis, they involve intra- and intermolecular interactions. In order

to decode their mechanical properties, we presented a systematic investigation of the
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linear and nonlinear rheology of well-characterized �rst-, second-, and third-generation

DPs in chapter 6. PGs were found to exhibit very long equilibration times due to

their tendency to reduce gradients in monomer density. Aged PGs exhibited complex

viscoelastic response dominated by the intermolecular bonding interactions, since en-

tanglement interactions are at best weak. The linear viscoelastic data indicated the

occurrence of a plateau modulus for DPs, which was lower than or comparable in value

to that of the backbone (depending on generation g and degree of polymerization Pn).

The intermolecular bonds and related molecular organization of DPs (liquid crystalline-

like) were responsible for this modulus, whose extent in the frequency scale and actual

value depended on both Pn and g. Eventually, the crossover of moduli marked the ter-

minal relaxation and the very long relaxation times re�ected the lifetime of the bonds.

Their nonlinear response was akin to FENE chains without appreciable deformation

and with weak shear thinning. The instantaneous maximum deformation was already

saturated at the lowest shear rates, whereas Cox-Merz rule was validated. Overall, a

Velcro-type analogy was invoked in order to describe the DPs behavior. DPs inter-

penetrate, however this does not constitute entanglement e�ects but rather enhanced

molecular friction which appears to dominate viscoelasticity for both small and large

Pn. The Velcro analogy was directly linked to the lateral surface of DPs with their

exposed areas being in contact with each other, yielding an eventual highly coopera-

tive motion. Hence, the combination of bonding interactions and topology controlled

the linear and nonlinear viscoelastic response of DPs and at the same time o�ered the

means to tailor these properties at wish.

The strength of interactions represents another degree of freedom that can be

changed in order to adjust the mechanical properties of DPs. In order to explore

this possibility, we investigated the linear and nonlinear rheological properties of a

series of short dendronized polymers of �rst generation with increased molecular con-
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tent of strong hydrogen bonding groups, from 0 to 25%. Di�erent annealing protocols

revealed an unusual dependency of the characteristic times on the thermal history of

the samples. This was attributed to the correlation between the thermal history and

the degree of interdigitation of the samples. Linear measurements revealed enhanced

viscoelastic properties upon increase of the molecular content of UPy. Nonlinear uni-

axial extension experiments showed a transition from ductile to brittle transition at

the same distance from the glass temperature. This was attributed to the reduced ca-

pability of free ends for dissipating elastic energy as the UPy concentration increases.

The incorporation of UPy groups inside PG1-40 DPs caused onset of strain hardening

in nonlinear shear. Such a remarkable behavior was ascribed to strong intermolecular

forces arising from the interaction of the locked brushes under shear (akin to the Velcro

picture). Regarding the g = 2 and g = 3 DP samples with UPy groups in the interior

(at g = 1 level) we found that already one dendron generation beyond g=1 e�ectively

shielded intermolecular UPy interactions. The high degree of tunability of both linear

and nonlinear properties and the unique nonlinear behavior in shear and extension

makes these novel polymers with only 40 RUs promising candidates for the design of

new functional materials. However, further investigation should address the possibility

to add UPy groups at the periphery of DPs of larger generation than 1. Moreover, fur-

ther work should be done on decoding the rheology of UPy-functionalized samples with

degree of polymerization of the backbone larger than 50 repeating units. Finally, the

observed ductile-to-brittle transition calls for further studies aimed at unambiguously

elucidating its molecular origin.
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